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Introduction
Analysis of complex systems at the nanoscale is an 
ever-growing area of research. Nanoscale systems are 
extremely small, often measuring less than 100 nanometers 
in size and yet the amount of new information being 
uncovered at that scale is vast. Specialized techniques 
and technologies are giving researchers the tools to 
uncover and better understand these systems in the 
development and utilization of advanced materials.

One approach to analyzing complex systems at the 
nanoscale uses nanomechanical testing equipment 
within electron microscopes. These systems typically 
perform mechanical tests, such as indentation, scratch, 
and tensile at the nanoscale within a scanning electron 
microscope (SEM) or transmission electron microscope 
(TEM) where temperature and pressure can be carefully 
controlled. Another useful technique is atomic force 
microscopy (AFM), which uses a tiny cantilever to measure 
the force between the sample and the tip of the cantilever, 
allowing for the analysis of surface topography, material 
properties, and chemical interactions. AFM can also be 
combined with spectroscopy (commonly known as AFM-
IR), which involves the use of light to quantitatively study 
the structure, composition, and properties of molecules. In 
this regard, AFM and combined techniques are powerful 
tools for studying the structure of nanoscale systems.

This article collection begins with a study on a new 
method for creating 3D helical plasmonic nanostructures 
from 2D plasmene nanosheets. The process involves 
a micro-spatula-based strategy to scrape substrate-
supported plasmene, which forms various complex helical 
nanostructures with controlled dimensions. Additionally, 
Shi, Q. et al. (2023) describe how FIB-based lithography 
on free-standing plasmene produces 3D nanospirals. 

Next, Panchal, V. et al. (2022) report two precision 
nanomechanical characterization techniques, AFM-based 
PeakForce quantitative nanomechanical mapping and 
nanoindentation-based dynamical mechanical analysis, 
which are used to compare the modulus and viscoelastic 
properties of organic polymers used in organic electronics.

Rejhon, M. et al. (2023) shows that epitaxial graphene 
films grown on silicon carbide can significantly increase 

the hardness and yield point of the material. At low to high 
loads, the hardness of the material increases up to 100% 
and 30%, respectively. Even at deep indentations of 175 
nm, the hardness of the material increases by up to 30%. 
The increase in mechanical properties is explained by the 
formation of a sp3 diamene structure under pressure.

Peña-Alcántara, A. et al. (2023) discusses the use of 
a polymer semiconductor/elastomer blend to create 
mechanically stretchable electronic devices with high 
fracture strain. The effects of the molecular weight of both 
the polymer and elastomer on the blend morphology, and 
mechanical, and electrical properties are explored. AFM-
based nanomechanical images are used to gain a better 
understanding of the blend film morphology. Results from 
the blend films show a maximum strain at fracture of 640% 
± 20%. This study provides insight into appropriate polymer 
selections for stretchable semiconducting thin films that 
possess excellent mechanical and electrical properties.

Finally, Nguyen, C.-P. T. et al. (2023) discusses the 
nanomechanical properties of domain walls in lead 
titanate (PbTiO3), a prototypical ferroelectric material. 
Using atomic force microscopy (AFM)-based methods, 
researchers found variations in elastic moduli in the area 
around the 90º domain walls extending up to 100 nm into 
the adjacent domains. They also found local domain wall 
hardness and plastic and elastic deformation energies. 

Overall, the analysis of complex systems on the nanoscale 
is an ever-evolving field. New technologies and techniques 
are being developed to study these systems, allowing for 
greater insight into their structure and behavior. As research 
continues, our understanding of nanoscale systems will 
grow, leading to new applications and discoveries.

Through the methods and applications presented 
in this article collection, we hope to share some of 
the research and discoveries that today’s advanced 
technologies and techniques are making in the world 
of complex nanoscale systems. For more information, 
we encourage you to visit Bruker to learn more and 
explore options to enhance your research. 

Róisín Murtagh 
Editor at Wiley Analytical Science
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by our research group back in 2014.[1–3] 
It is a new class of advanced materials 
combining tailorable organic ligands 
and inorganic building blocks that can 
be finely tuned with arbitrary size and 
shapes,[4] demonstrating unique struc-
ture-dependent properties such as gap-
depended plasmonics,[1] n-doping or 
p-doping like properties,[5] transmutable
optical and structural properties,[6] asym-
metrical ion transport properties,[7] and
inter/intra-plasmonic coupling.[8] While a
focused ion beam (FIB) is able to program
milling sites and milling depths precisely
to obtain several 3D plasmene origami
structures,[1,9] helical plasmonic structures
have not yet been achieved.

On the other hand, helical structures 
from plasmonic nanomaterials have 
recently attracted intense research due to 
their unique chiral optical properties.[10–16] 

For instance, a gold helix square lattice can block the circular 
polarization with the same handedness as the helices while 
transmit the other.[11] Hybrid nanoscrolls from MoS2 or WS2 
and plasmonic Ag nanoparticles exhibited up to 500 times 

Plasmene is recently defined as 2D arrays of plasmonic nanoparticles, 
which could be fabricated by the bottom-up self-assembly approach and 
demonstrated a wide range of applications in sensing, energy harvesting, 
nanophotonics and encryption. Here, this work further demonstrates a 3D 
helical plasmonic nanostructures that can be fabricated from 2D plasmene 
nanosheet. Inspired by chocolate curls-making process, a micro-spatula-
based strategy is developed to selectively scrape substrate-supported 
plasmene to free space, which spontaneously folds the plasmene nanosheet 
into various complex helical nanostructures with controlled dimensions. 3D 
nanospirals can also be obtained by focus ion beam (FIB)-based lithography 
on free-standing plasmene. Helical plasmene structures are robust, exhibiting 
elastic mechanical properties and chiral optical response. This methodology 
represents a versatile fabrication route combining both bottom-up and top-
down approaches to create soft plasmonic helical structures for potential 
applications in next-generation flexible nanophotonic devices.

ReseaRch aRticle
 

1. Introduction

Plasmene, a 2D monolayer nanosheet assembled from constit-
uent plasmonic nanoparticle building blocks, was introduced  
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increased photosensitivities in comparison with the normal 
nanosheets.[16] Using DNA origami as a template, it has been 
reported that a 3D helix structure from AuNPs-tubular DNA 
origami showed controllable optical chirality.[15]

It is noteworthy to mention that the reported state-of-the 
art methods to fabricate these complex 3D plasmonic helical 
structures are heavily rely on top-down lithography[11,17–23] and 
bottom-up self-assembly.[15,16,24–31] The former may enable well-
defined 3D structures, but it often involves multiple materials, 
complex processing methods, and/or requires additional sacri-
ficial layers; while the latter typically leads to chiral plasmonic 
structures in solution with finely adjustable internal structural 
programming by the virtue of specific molecules or biomole-
cules, but often suffers poor control over the overall structures.

Here,  we  report a chocolate curl-inspired approach to fab-
ricate different 3D helical kirigami (a 3D designed structure 
from “cutting” and “folding” a 2D material) simply by selec-
tively micro-scraping silicon substrate-supported plasmene 
nanosheets. While this fabrication process does not involve any 
templates, sacrificial layers or chemicals, different nanoscale 
kirigami including helix, scrolls and 3D spiral could be 
obtained. In brief, a 2D plasmene was first fabricated on silicon 
substrate by our developed air-water interfacial self-assembly 
method.[1,3] Then, a chisel like micro-spatula with a flat and 
sharp end blade was carefully positioned at an oblique angle to 
the edge of plasmene nanosheet to scrape it with a controlled 
speed. This has led to spontaneous formation of chiral plas-
monic nanostructures including helix and scrolls. The struc-
tural parameters of the resulting helical plasmonic kirigami, 
such as overall dimensions and shapes, could be tuned by con-
trolling the nanosheet thickness, constituent building blocks, 
the scraping speed, and the motion of the micro-spatula. 3D 
nanospirals can be obtained by applying FIB-based lithog-
raphy on free-standing plasmene nanosheet and subsequently 
manipulation with a micro-needle. The obtained nanohelix 
and 3D nanospiral displayed elastic mechanical properties 
in the compression and dragging tests, respectively. Further-
more,  we  observed chiral plasmonic response from a single 
helix with a reflectance dissymmetric factor (gr) of 0.17 toward 
circularly polarized light (CPL) illumination.

2. Results and Discussion

2.1. Soft Plasmene Helix

Using gold nanocubes (Au NCs) as the model building 
blocks, we first prepared plasmene nanosheets on the silicon sub-
strate by the air-water interfacial self-assembly following our pre-
viously reported protocol.[1,3] Briefly, Au NCs were synthesized by 
a seed-mediated method and functionalized with hydrophobic thi-
olated polystyrene (PS) via Au-S covalent bonding. The PS-capped 
Au NC chloroform solution was then dropped onto a sessile 
droplet sitting on the silicon substrate. Upon the full evapora-
tion of chloroform and water, a continuous plasmene nanosheets 
formed as confirmed by scanning electron microscope (SEM) 
characterization (Figure S1, Supporting Information).

Next, a top-down micro-scraping lithography was used 
to selectively peeling off the bottom-up grown plasmene on 

silicon, as illustrated in (Figure 1a). To achieve this, a motor-
controlled Picoprobe (PT-14-6705) tip was mounted inside a 
FEI Helios Nanolab FIB SEM chamber and the rounded Pico-
probe tip was milled into a blade shape with a sharp edge. 
The Picoprobe blade-like tip was then positioned to the edge 
of plasmene nanosheet at an oblique angle (α in Figure 1a) to 
the supporting silicon (Figure S2, Supporting Information), 
simultaneously with the tip blade plane inclined at a small 
angle (β in Figure 1a) to the plasmene. By horizontally moving 
the stage along the x-axis, the plasmene nanosheets could be 
cut and peeled off from the supporting silicon substrate. This 
micro-scraping lithographic process led to the spontaneous 
formation of 3D plasmonic kirigami nanostructures such as 
helix (Figure 1b). By controlling the scraping distance, we could 
obtain plasmonic helix with the length ranging from~3–26 µm,  
as shown in Figure  1c. The helical structure fabrication is 
repeatable, as evidenced by numbers of helix replica using the 
same cutting parameters (Figure S3, Supporting Information).

We attributed the formation of nanohelix to the mechanical 
property of plasmene and the applied shear force during the 
oblique cutting process.[32,33] According to our previous report, 
plasmene has a Young’s modulus of ≈1 GPa,[1] which endows 
it with strong mechanical strength for manipulation. In the 
initial state of cutting, the blade edge was inserted between 
the plasmene and the substrate, and caused a concentrated 
shear force on plasmene. This leads to a plastic deformation of 
plasmene in the primary deformation zone (insert in Figure 1a). 
As the tip moving forward, the co-existed chip–tool interface 
friction caused an additional shear force in the secondary defor-
mation zone that is adjacent to the blade surface, which gave 
rise to a gradual deformation of the sheared plasmene. As a 
result, plasmene moved and curled continuously along the rake 
face as the micro-spatula moving forward, forming a chocolate 
curl-like nanostructure.[34]

It is worth mentioning that the blade edge was inclined at a 
small angle to the supporting substrate (β in Figure 1a), there-
fore, there are three forces in our system: cutting force (Fc), 
feed force (Ff), and radial force (Fr) (insert in Figure 1b).[35] The 
resulted force (F) can be represented by

F F F Fc
2

f
2

r
2= + + (1)

where the former two forces determine the length and diameter 
of the helix structure, while Fr determines the rolling direction 
of plasmene (γ), which leads to a helical shape flowed at side-
ways direction in Au NC plasmene.

We further applied the same oblique cutting technique to 
a Janus NC-star plasmene that was fabricated using a surface 
symmetry breaking method.[36] Interestingly,  we  observed the 
formation of larger scroll nanostructures (Video S1, Supporting 
Information), which differs from the nanohelix obtained from 
Au NC plasmene. SEM images of the fabricated nanoscrolls 
in top-view and tilted-view indicated a gradual number of 
layers increase from ½ to 5 as increasing scraping distance 
(Figure 1d).

The formation of large scroll nanostructures could be attrib-
uted to the shapes of plasmene-constituent building blocks, 
thickness and mechanical property of plasmenes, as well as 
the resulted force (F). Compared to Au NC plasmene, Janus  

Adv. Mater. Technol. 2023, 2201866
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NC-star plasmene has asymmetrical structure, larger thick-
ness and greater roughness due to the nature of its unique 
building block morphology.[36] It is hypothesized that a larger 
radial force (Fr) or inclination angle β would be required for 
Janus NC-star plasmene to form helix structure. On the other 
hand, Fc, Ff, and Fr are in proportion to the cutting depth, 
in this case, the thickness of Janus NC-star plasmene.[35] An 
increased thickness gave rise to a higher Fc and Ff while thick-
ness effect on Fr is minor in comparison to that on Fc and Ff 
due to the small inclination angle in our system. As a result, 
Fc and Ff played dominant roles in controlling the structure of 
chip, resulting scrolled structures with larger radius instead 
of helix.

We also observed such plasmene building blocks effect on 
helical structures (Figures S4 and S5, Supporting Information). 

Although helical nanostructures with similar rolling angle γ 
were managed to obtain by tuning the oblique cutting param-
eters (angle α and β), the radius of these helix were found to 
be different due to different shapes and sizes of the building 
block. Apart from the building block effect, the moving speed of 
the control stage was also found to affect the resulted force and 
control the overall structure of the chip (Figure S6 and Videos 
S2–S5, Supporting Information). In addition, our method also 
offers flexibility in positioning the micro-spatula at controlled 
locations and directions to “touch” and “capture” target objects 
on the plasmene surface (Figure S7 and Video S6, Supporting 
Information).

The handedness of the helical structures could be controlled 
by adjusting the angle β between the inclined tip edge and the 
plasmene (Figure S8, Supporting Information). We found that 

Adv. Mater. Technol. 2023, 2201866

Figure 1. a,b) Schematic illustration of the fabrication of a plasmene helix via a micro-spatula-based strategy. Inserts represent the deformation process 
of a plasmene helix, and the side view of the micro-spatula blade in the x–z plane and y–z plane. The blade edge was initially parallel to the supporting 
silicon, but before mounting on the micro-manipulation stage, it was rotated clockwise along the axis of the blade to create an inclination angle β. 
SEM images of c) plasmene helix with increasing length and d) nanoscrolls with increasing numbers of layers.
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when the opening of inclined angle β toward the positive y-axis  
(with point A contacting plasmene, Figure S8, Supporting 
Information) and negative y-axis (with point B contacting 
plasmene, Figure S8, Supporting Information), left (Figures S3  
and S5, Supporting Information) and right (Figure S6, Sup-
porting Information) handedness of helical structures were 
typically obtained, respectively. This was due to the different 
direction of Fr, which determined the rolling direction of 
plasmene helicals.

2.2. Soft Plasmene 3D Nanospiral

The mechanical strength allows plasmene maintaining its 
structural integrity without any deformations/cracks even 
when being suspended over a substrate, such as an array of 
SiO2 tips (Figure 2a). Inspired by the traditional Chinese paper-
cutting art, we further produced soft plasmene 3D nanospiral 
from the free-standing plasmene by FIB-based lithography as 
illustrated in Figure 2b–d. In the first step, pre-designed areas 
of free-standing plasmene were selectively milled by exposing 

to high-energy gallium ion irradiation, giving a 2D kirigami 
pattern (Figure  2b). To prevent any structural distortion 
before applying mechanical force, the milling beam current 
and dwelling time were carefully controlled to ensure some 
residual connections between adjacent ribbons (Figure  2e). 
The obtained kirigami consists of spiral ribbons with a width 
of 0.36 ± 0.01 µm and a gap of 0.12 ± 0.02 µm, and an overall 
size of 5.6 × 5.2 µm. In the next step, a micro-needle with a 
sharp tip was used to pull the 2D spiral kirigami out of the 
plane (Figure 2c), forming a 3D nanospiral. Since one end of 
the free-standing plasmene was fixed, the tensile stress from 
the tip caused the kirigami to bend upward and be stretched 
as shown in Figure 2d. SEM images proved the successful fab-
rication of 2D spiral kirigami and its laterally stretching upon 
axial dragging by the needle (Figure 2e–g). We determined the 
relative length changes by analyzing SEM images recorded 
before and after micro-needle manipulation and found the 
soft plasmene spiral was stretched by ≈146%. This stretching 
process is reversible, which is evidenced by the Video S7, Sup-
porting Information, indicating a spring-like elasticity of the 
obtained kirigami.

Adv. Mater. Technol. 2023, 2201866

Figure 2. a) SEM images of a free-standing plasmene on an array of SiO2 tips. Schematic illustration showing b) a spiral kirigami pattern on a free-
standing plasmene and c,d) the dragging of a spiral kirigami using micro-needle. e–g) Corresponding SEM images of a spiral plasmene kirigami and 
dragging a soft plasmene spiral.
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2.3. Elastic Properties of Plasmene Helix

To further measure the mechanical properties of the plasmene 
helix,  we  performed a mechanical compression test using an 
indenter that is positioned inside a SEM chamber. As shown 
in Figure 3a, one end of the standing plasmene helix was teth-
ered to a silicon wafer while the other end floated freely. Then, 
the indenter slowly approached the free-floating end of the 
plasmene helix and compressed the entire 3D nanostructure. 
Initially, the helix was at a fully extended state and the indenter 
was at zero deflection, therefore the loading force is zero. 
Upon compression, the helix began to undergo shape change 
(Figure 3b) and yielded a gradual increasing force on the order 
of a few micronewtons (Figure  3c). We quantified the helix 
deformational parameters by exploiting SEM image captured 
during the mechanical test. The experimental result showed 
a linear relationship between loading force and displacement, 
following the known Hooke’s law. The elastic coefficient of 
the particular standing helix was estimated to be 21.23 N m−1, 
which further confirmed a spring like elasticity of the helical 
plasmene nanostructures.

2.4. Chiral Optical Properties of Plasmene Helix

We further characterized the optical chirality of the plasmene 
helix. The far-field optical response of a 14.8 µm standing 
helix (Figure 4a) was recorded by measuring the reflectance 

of CPL using an FTIR system (Bruker Vertex 70) connected 
to a microscope (Bruker Hyperion 2000). As shown in Figure 
S9, Supporting Information, the unpolarized light first passed 
through a linear polarizer and converted into linearly polar-
ized light, and then traveled through a quarter waveplate and 
decomposed into right-handed circularly polarized (RCP) and 
left-handed circularly polarized (LCP) light, and finally reached 
the standing helix.

Figure  4b shows the reflectance spectra of a standing Au 
NC plasmene helix under LCP (red) and RCP (blue) illumina-
tion. Clearly, the helical structure exhibited distinct chiroptical  
response for LCP and RCP in the spectral range between  
1.5 and 8.5 µm. Numerical simulation also confirms the differ-
ences in optical response of an Au NC plasmene helix under 
LCP and RCP illumination. Figure S10, Supporting Informa-
tion, shows the full-wavelength simulations of an individual 
free-standing Au NC plasmene helix. Due to emulating the 
experimental setup for reflectance measurement is computa-
tionally intensive with high complexity, a transmittance spec-
trum is numerically simulated instead. Nevertheless, the chiral 
properties are well observed in the simple transmittance spec-
trum of a free-standing plasmene helix. Dissymmetric factor 
g, which represents the sensitivity of a material toward CPL, is 

normally defined by g
I

I I
= ∆

+
2

L r

, where I is the intensity of the 

optical signal. Here, we use the reflectance intensity to calculate 
the reflectance dissymmetric factor gr and plot it in Figure 4c. 
The absolute value of the gr reached 0.17 at wavelength 2 µm, 

Adv. Mater. Technol. 2023, 2201866

Figure 3. a) Schematic set-up of mechanical compression test on a standing plasmene helix. b) SEM image captured during the mechanical test. c) 
Load forces versus displacement curve for a standing plasmene helix (Au NCs were used as building blocks).
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and 0.15 at wavelength 5 µm for a single plasmene helix. We 
found that the chiral reflectance properties of plasmene helix 
are sensitive to the shape of building blocks. As shown in 
Figure 4d–f, plasmene helix fabricated from Janus thin NC-star 
also showed well-pronounced chiroptical response toward LCP 
and RCP incidence, however, the gr value was smaller than that 
for NC helix. This might stem from the higher light absorb-
ance of dense spikes in the Janus plasmene helix. Simulation 
also depicts how the diameter and length of the plasmene helix 
can affect its chiroptical response as shown in Figure S11, Sup-
porting Information. The chiroptical response for LCP and 
RCP changed significantly as the diameter increased, while the 
chirality only slightly altered when the length changed.

3. Conclusion

In summary, we have developed a nanospatula-based approach 
to construct 3D soft helical nanostructures from soft plasmene 

nanosheets. This combined top-down and bottom-up strategy 
enabled fabrication of a set of helical plasmonic nanostructures 
with reasonable control over internal and overall structural 
parameters. We measured the mechanical and chiral dissym-
metrical optical properties from a single plasmene helix. Chiral 
dissymmetry in reflection gr was found to be dependent on the 
morphologies of constituent building blocks. Our fabrication 
methodology provides a viable route to fabricate 3D soft plas-
monic nanostructures with controllable morphological param-
eters to regulate their mechanical and optical properties, which 
may find novel applications in the field of flexible nanopho-
tonics and plasmonic sensors.

4. Experimental Section
Synthesis of Au NCs: Au NCs were synthesized following a two-step

seed-mediated method.[5] First,  we  synthesized Au seeds by adding 
0.6 mL of NaBH4 (0.01 m) into 0.1 mL of HAuCl4 (25 mm) and 7.65 mL of 
CTAB (0.1 m). The solution was then incubated in a 30 °C water bath for 

Figure 4. a) SEM images of a standing Au NC plasmene helix for PCL test. Insert shows the SEM image of the Au NC plasmene. b) Experimental 
reflectance spectra of a Au NC plasmene helix with polarized light. c) Reflectance dissymmetric factor versus wavelength calculated from (b). d) SEM 
images of a standing Janus NC-star plasmene helix for PCL test. Insert shows the SEM image of the Janus plasmene. e) Experimental reflectance spectra 
of a Janus thin NC-star plasmene helix with polarized light. f) Reflectance dissymmetric factor versus wavelength calculated from (e).
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1 h. In the second step, a growth solution was prepared by mixing 1.6 mL 
of CTAB (0.1 m), 0.2 mL of HAuCl4 (7 mm), 8 mL of Milli-Q water and 
1.2 mL of ascorbic acid (AA) (0.1 m). Then, 5 µL of 10 times diluted seed 
solution was added into the growth solution and incubated in a 30 °C 
water bath overnight. The obtained Au NC nanoparticles was centrifuged 
at 7500 rpm for 10 min and re-dispersed in Milli-Q water for further use.

Fabrication of Au NC Plasmene: The Au NC plasmene was fabricated 
by a drying-mediated air-water interfacial self-assembly approach.[1] The 
Au NC nanoparticles were initially protected by CTAB surfactant, which 
were replaced by thiolated-PS (Mn = 50 000 g mol−1) through a two-step 
ligand exchange method. Then, the PS-capped Au NC nanoparticles 
were washed with tetrahydrofuran for two times and chloroform for 
one time and finally re-dispersed in chloroform. Next, the PS-capped Au 
NC-chloroform solution was centrifuged and concentrated to ≈20 µL. 
0.25 µL of the concentrated Au NC solution was then dropped on a 
sessile droplet sitting on the silicon substrate (or 7 µm × 7 µm holey 
copper grid for free-standing plasmene). Finally, a monolayered Au NC 
superlattice was obtained after the full evaporation of chloroform and 
water.

Fabrication of Janus NC-Star plasmene: Janus NC-star plasmene was 
fabricated following a two-step surface symmetry breaking method.[36] In 
the first step, the PS on the top side of Au NC plasmene was selectively 
removed by UV-ozone treatment for 5 min. In the second step, 5 µL of 
HAuCl4 (0.3 m) was added on top of the Au NC plasmene, followed by 
adding 60 µL of HCl (1 m). After mixing the above chemicals, 30 µL of 
AgNO3 (0.16 m) and 15 µL of AA (0.1 m) was added subsequently and 
mixed thoroughly with pipette after each addition. After 30 s, the Janus 
NC-star plasmene was obtained and rinsed with Milli-Q water for three 
times. Gentle sonication was then used to remove the giant impurities 
on the surface of Janus plasmene.

Fabrication of Spiral Kirigami: Au NC plasmene sheet on a holey 
copper grid was anchored on a 1 cm × 1 cm ITO glass by conductive 
copper tapes. The sample was then placed in FEI Helios Nanolab 600 
FIB chamber. An accelerating voltage of 30 kV and an ion beam current 
of 9.7 pA and a dwell time of 100 µs were used to mill the plasmene to 
create a spiral pattern.

Fabrication of Plasmene Helix: A Picoprobe PT-14-6705-B probe tip 
was milled into a blade shape with sharp edge using FIB lithography 
before helix fabrication. The Au NC plasmene sheet on a silicon wafer 
was then mounted on a micro-manipulation stage that can move along 
three axis (x, y, and z). The oblique angle (α in Figure 1a) and the incline 
angle of the tip (β in Figure  1a) was carefully controlled to ≈45° and 
≈20°, respectively, for all the samples. The tip was then loaded on an
unmovable probe holder along the stage system. The whole system
was then placed in FEI Helios Nanolab 600 FIB chamber with controller
connection. To fabricate 3D plasmene helix, the plasmene nanosheet
was first move along the z-axis and stop just before touching the probe.
Then, the stage was moved along z-axis further until observing the probe
oblique cutting into the plasmene nanosheet and start move the stage
along x-axis only. By tuning the speed and the forces applied, different
format of helix could then be obtained.

Characterization: The morphology of the samples was characterized 
through SEM (FEI Helios Nanolab 600 FIB-SEM operating at 5 kV). 
Mechanical compression test was carried by using a HYSITRON PI 
85 SEM PicoIndenter with a 10 µm dia. flat punch, which is mounted 
inside a FEI Scios Dual beam FIB-SEM. Reflectance spectra of plasmene 
helix under CPL illumination was obtained by an FTIR system (Bruker 
Vertex 70) connected to a microscope (Bruker Hyperion 2000). The 
experimental setup of the optical characterization is demonstrated in 
Figure S12, Supporting Information.

Numerical Simulation: Full-wave simulations of the optical response 
of a free-standing plasmene helix were performed using CST Microwave 
Studio Suite. For an Au NC plasmene helix, unit cell (Floquet) boundary 
conditions were implemented along the both lateral directions with ports 
on the top and the bottom of the helix to obtain S-parameters to estimate 
reflectance and transmittance for LCP and RCP wave illumination over 
a specified wavelength window. For a freestanding plasmene helix, 
chiroptical response was clearly visible in its transmittance spectrum. 

Fine tetrahedral meshing with adaptive refinement was used to capture 
minute structural details in simulations. The plasmene helix structure 
was first created in a 3D graphical tool and then imported into CST 
to closely resemble the experimental sample details. Au NCs in the 
plasmene was assumed to be fully covered in polystyrene. Permittivity 
values of Au were taken from the literature.[37]

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.

Acknowledgements
Q.S. and D.D. contributed equally to this work. This work was performed 
in part at the Melbourne Centre for Nanofabrication (MCN) and the 
Micro Nano Research Facility at RMIT University in the Victorian Node 
of the Australian National Fabrication Facility (ANFF). Facilities and 
technical support from the RMIT Microscopy and Microanalysis Facility, 
a linked laboratory of Microscopy Australia, are acknowledged. This 
work was performed in part at the Monash Center for Electron Micron 
Microscopy. The authors appreciate the financial support from the 
Australian Research Council via Discovery Grant schemes DP200100624 
and DE200101120. The authors acknowledge personnel and project 
funding from the Cooperative Research Centres Projects scheme. The 
authors acknowledge Miss Stella Aslanoglou, Dr. Beatriz Prieto-Simon, 
and Dr. Maria Alba for providing the SiO2 tips array substrates. The 
authors also acknowledge the insightful discussions and technical 
support from Dr. Edwin Mayes and Dr. Sherman Wong.

Open access publishing facilitated by Monash University, as part of 
the Wiley - Monash University agreement via the Council of Australian 
University Librarians.

Conflict of Interest
The authors declare no conflict of interest.

Data Availability Statement
The data that support the findings of this study are available from the 
corresponding author upon reasonable request.

Keywords
3D spiral, chiral, helix, kirigami, plasmene, scroll

Received: November 4, 2022
Revised: January 16, 2023

Published online: 

[1] K. J.  Si, D.  Sikdar, Y.  Chen, F.  Eftekhari, Z.  Xu, Y.  Tang, W.  Xiong,
P. Guo, S. Zhang, Y. Lu, Q. Bao, W. Zhu, M. Premaratne, W. Cheng,
ACS Nano 2014, 8, 11086.

[2] W. Cheng, Europhys. Lett. 2017, 119, 48004.
[3] D. Dong, R. Fu, Q. Shi, W. Cheng, Nat. Protoc. 2019, 14, 2691.
[4] S. J. Tan, M. J. Campolongo, D. Luo, W. Cheng, Nat. Nanotechnol. 

2011, 6, 268.

	 12	

http://www.advancedsciencenews.com
http://www.advmattechnol.de


www.advancedsciencenews.com www.advmattechnol.de

© 2023 The Authors. Advanced Materials Technologies published by Wiley-VCH GmbHAdv. Mater. Technol. 2023, 2201866

[5] Q.  Shi, D.  Sikdar, R.  Fu, K. J.  Si, D.  Dong, Y.  Liu, M.  Premaratne,
W. Cheng, Adv. Mater. 2018, 30, 1801118.

[6] Q.  Shi, D.  Dong, K. J.  Si, D.  Sikdar, L. W.  Yap, M.  Premaratne,
W. Cheng, ACS Nano 2018, 12, 1014.

[7] S. Rao, K. J. Si, L. W. Yap, Y. Xiang, W. Cheng, ACS Nano 2015, 9, 
11218.

[8] Q. Shi, R. Fu, D. Sikdar, T. Perera, A. S. R. Chesman, Z. Yong, Y. Lu,
Y. Liu, Z. Guo, S. Gong, M. Premaratne, W. Cheng, J. Phys. Chem. C 
2021, 125, 27753.

[9] K. J. Si, Y. Chen, W. Cheng, Mater. Today 2016, 19, 363.
[10] J. T.  Pham, J.  Lawrence, G. M.  Grason, T.  Emrick, A. J.  Crosby,

Phys. Chem. Chem. Phys. 2014, 16, 10261.
[11] J. K.  Gansel, M.  Thiel, M. S.  Rill, M.  Decker, K.  Bade, 

V.  Saile, G.  von  Freymann, S.  Linden, M.  Wegener, Science 2009, 
325, 1513.

[12] M. Hentschel, M. Schäferling, X. Duan, H. Giessen, N. Liu, Sci. Adv. 
2017, 3, e1602735.

[13] J. Lu, Y. Xue, N. A. Kotov, Isr. J. Chem. 2021, 61, 851.
[14] W. Wu, M. Pauly, Mater. Adv. 2022, 3, 186.
[15] X. Shen, C. Song, J. Wang, D. Shi, Z. Wang, N. Liu, B. Ding, J. Am.

Chem. Soc. 2012, 134, 146.
[16] Q. Yue, L. Wang, H. Fan, Y. Zhao, C. Wei, C. Pei, Q. Song, X. Huang,

H. Li, Inorg. Chem. 2021, 60, 4226.
[17] J. Kaschke, L. Blume, L. Wu, M. Thiel, K. Bade, Z. Yang, M. Wegener,

Adv. Opt. Mater. 2015, 3, 1411.
[18] W.  Li, Z. J.  Coppens, L. V.  Besteiro, W.  Wang, A. O.  Govorov,

J. Valentine, Nat. Commun. 2015, 6, 8379.
[19] I. Sakellari, X. Yin, M. L. Nesterov, K. Terzaki, A. Xomalis, M. Farsari,

Adv. Opt. Mater. 2017, 5, 1700200.
[20] J. K. Gansel, M. Latzel, A. Frölich, J. Kaschke, M. Thiel, M. Wegener,

Appl. Phys. Lett. 2012, 100, 101109.

[21] J. Kaschke, M. Wegener, Opt. Lett. 2015, 40, 3986.
[22] B.  Frank, X.  Yin, M.  Schäferling, J.  Zhao, S. M.  Hein, P. V.  Braun,

H. Giessen, ACS Nano 2013, 7, 6321.
[23] M.  Esposito, V.  Tasco, M.  Cuscunà, F.  Todisco, A.  Benedetti,

I. Tarantini, M. D. Giorgi, D. Sanvitto, A. Passaseo, ACS Photonics 
2015, 2, 105.

[24] X. Lan, Q. Wang, Adv. Mater. 2016, 28, 10499.
[25] A.  Kuzyk, R.  Schreiber, Z.  Fan, G.  Pardatscher, E.-M.  Roller,

A. Högele, F. C. Simmel, A. O. Govorov, T. Liedl, Nature 2012, 483, 
311.

[26] J.  Cheng, G. Le  Saux, J.  Gao, T.  Buffeteau, Y.  Battie, P.  Barois,
V. Ponsinet, M.-H. Delville, O. Ersen, E. Pouget, R. Oda, ACS Nano 
2017, 11, 3806.

[27] R.-Y. Wang, H. Wang, X. Wu, Y. Ji, P. Wang, Y. Qu, T.-S. Chung, Soft 
Matter 2011, 7, 8370.

[28] X. Lan, T. Liu, Z. Wang, A. O. Govorov, H. Yan, Y. Liu, J. Am. Chem.
Soc. 2018, 140, 11763.

[29] C.-L.  Chen, P.  Zhang, N. L.  Rosi, J. Am. Chem. Soc. 2008, 130,  
13555.

[30] C. Song, M. G. Blaber, G. Zhao, P. Zhang, H. C. Fry, G. C. Schatz, 
N. L. Rosi, Nano Lett. 2013, 13, 3256.

[31] X.  Lan, X.  Lu, C.  Shen, Y.  Ke, W.  Ni, Q.  Wang, J. Am. Chem. Soc. 
2015, 137, 457.

[32] J. G. Williams, Y. Patel, B. R. K. Blackman, Eng. Fract. Mech. 2010, 
77, 293.

[33] J. G. Williams, Y. Patel, Interface Focus 2016, 6, 20150108.
[34] G. Fang, P. Zeng, J. Mater. Process. Technol. 2005, 168, 42.
[35] B. Aksu, C. Çelebi, E. Budak, Mach. Sci. Technol. 2016, 20, 495.
[36] Q.  Shi, D. E.  Gómez, D.  Dong, D.  Sikdar, R.  Fu, Y.  Liu, Y.  Zhao,

D.-M. Smilgies, W. Cheng, Adv. Mater. 2019, 31, 1900989.
[37] P. B. Johnson, R. W. Christy, Phys. Rev. B 1972, 6, 4370.

		  13

http://www.advancedsciencenews.com
http://www.advmattechnol.de


www.advelectronicmat.de

© 2021 The Authors. Advanced Electronic Materials published by Wiley-VCH GmbH

ReseaRch aRticle

Mechanical Properties of Organic Electronic Polymers on 
the Nanoscale

Vishal Panchal, Illia Dobryden, Ude D. Hangen, Dimitrios Simatos, Leszek J. Spalek, 
Ian E. Jacobs, Guillaume Schweicher, Per M. Claesson, and Deepak Venkateshvaran*

DOI: 10.1002/aelm.202101019

electronic polymers, have played a pivotal 
role in the development of flexible and 
printed electronics over the last two dec-
ades.[1–3] Composed from rings and chains 
of carbon atoms, these materials sport 
a low mass density, as well as electronic, 
optical, and mechanical properties that 
are tailored through the chemical design 
of their constituent molecular units. Weak 
inter-chain van der Waals bonding within 
thin films of stacked conjugated organic 
polymers renders them soft, with intrin-
sically low Young's moduli several orders 
of magnitude smaller than conventional 
inorganic semiconductors such as sil-
icon.[4] These mechanical properties, cou-
pled with a conjugated organic polymer's 
ability to transport both charges and ions 
through their matrix, have expanded their 
use in new research areas such as organic 
bioelectronics and neural recording.[5–10]

Organic polymers such as poly(3,4-
ethylenedioxythiophene) polystyrene sul-
fonate (PEDOT:PSS) are now a routine 
choice for flexible microelectrode array 
implants,[11] and their incorporation is 
known to improve electrical measure-
ments through lower electrode imped-
ances and higher signal-to-noise ratios. 

However, a recent nanoscale mechanical characterization of the 
PEDOT:PSS film elements used in such microelectrode arrays 
showed local variations over an individual probe, on a length 
scale of a couple of square micrometers.[12,13] This variation was 

Organic semiconducting polymers have attractive electronic, optical, and 
mechanical properties that make them materials of choice for large area flexible 
electronic devices. In these devices, the electronically active polymer compo-
nents are micrometers in size, and sport negligible performance degradation 
upon bending the centimeter-scale flexible substrate onto which they are 
integrated. A closer look at the mechanical properties of the polymers, on the 
grain-scale and smaller, is not necessary in large area electronic applications. 
In emerging micromechanical and electromechanical applications where the 
organic polymer elements are flexed on length scales spanning their own 
micron-sized active areas, it becomes important to characterize the uniformity 
of their mechanical properties on the nanoscale. In this work, the authors use 
two precision nanomechanical characterization techniques, namely, atomic 
force microscope based PeakForce quantitative nanomechanical mapping 
(PF-QNM) and nanoindentation-based dynamical mechanical analysis (nano-
DMA), to compare the modulus and the viscoelastic properties of organic poly-
mers used routinely in organic electronics. They quantitatively demonstrate that 
the semiconducting near-amorphous organic polymer indacenodithiophene-
co-benzothiadiazole (C16-IDTBT) has a higher carrier mobility, lower modulus, 
and greater nanoscale modulus areal uniformity compared to the semicon-
ducting semicrystalline organic polymer poly[2,5-bis(3-tetradecylthiophen-2-yl)
thieno[3,2-b]thiophene] (C14-PBTTT). Modulus homogeneity appears intrinsic 
to C16-IDTBT but can be improved in C14-PBTTT upon chemical doping.

The ORCID identification number(s) for the author(s) of this article 
can be found under https://doi.org/10.1002/aelm.202101019.

1. Introduction

Conjugated semiconducting organic polymers and amorphous 
polymer dielectrics, jointly referred to in this work as organic 
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down to the PSS-rich regions having a higher modulus, and the 
PEDOT-rich regions having a lower modulus. Insights such as 
this allow one to re-engineer the nanomechanical properties of 
the polymer elements within multielectrode arrays to ensure 
performance reproducibility across all electrodes in the device.

In this work, we quantify the nanomechanical properties, 
their spatial homogeneity, and the depth-dependent viscoe-
lastic behavior of three well known organic electronic poly-
mers having three different morphologies. These polymers 
have been successfully used in functional organic thin film 
transistors over the years. Their processing for device integra-
tion from solution as well as their electronic properties are well 
understood, and a characterization of their nanomechanical 
properties make them future-ready for applications in conju-
gated polymer-based micro and nanomechanical devices. The 
three polymers investigated here are, a) the semiconducting 
semicrystalline polymer poly[2,5-bis(3-tetradecylthiophen-2-yl)
thieno[3,2-b]thiophene] abbreviated as C14-PBTTT,[14,15] b) the 
semiconducting near-amorphous planar-backbone donor–
acceptor co-polymer indacenodithiophene-co-benzothiadiazole 
abbreviated as C16-IDTBT,[16–18] and c) the dielectric amorphous 
fluoropolymer Cytop-M from AGC Inc.[19] Our study attempts 
to quantify nanomechanical texture on length scales spanning 
several tens of nanometers to several hundred nanometers 
in these polymers, as such dimensions are directly applicable 
within micromechanical resonators. Figure 1a shows the chem-
ical structures of these three organic polymers. Figure  1b dis-
plays a cross-sectional schematic of the top-gate bottom-contact 

organic thin film transistors measured in this work. These tran-
sistors use a Cytop-M dielectric with an active layer of either 
C14-PBTTT or C16-IDTBT. Figure 1c shows the typical transfer 
and output characteristics of a field-effect transistor based 
on C14-PBTTT. The saturation mobility extracted from these 
measurements at maximum bias is 0.1 cm2 V−1 s−1. Figure  1d 
shows the typical transfer and output characteristics of a field-
effect transistor based on C16-IDTBT. The saturation mobility 
extracted from these measurements at maximum bias is  
1 cm2 V−1 s−1.

Although the micromechanical properties of C14-PBTTT 
were estimated using buckling metrology several years ago, 
the technique operated on the scale of hundreds of microns 
and was thus unable to differentiate between the intra-grain 
Young's modulus and the grain boundary Young's modulus 
within the film.[20] In our effort to better understand the nano-
mechanical properties of the individual layers in organic field-
effect transistors, we use high-resolution PeakForce quantitative 
nanomechanical mapping (PF-QNM) of the Young's mod-
ulus to demonstrate nanomechanical property variations in 
thin films of the semicrystalline polymer C14-PBTTT.[21–23] 
We compare these semicrystalline nanomechanical proper-
ties with those of the near-amorphous low backbone torsion 
polymer semiconductor C16-IDTBT, and with the amorphous 
polymer dielectric Cytop-M. Cytop-M is routinely deployed as 
a gate dielectric within organic thin film transistors as shown 
in Figure 1. Unlike C14-PBTTT, both C16-IDTBT and Cytop-M  
have a smooth topography and show greater mechanical 

Figure 1. a) Chemical structures of the semicrystalline conjugated organic polymer C14-PBTTT, the near-amorphous conjugated organic polymer 
C16-IDTBT, and the amorphous fluorinated polymer Cytop-M. b) Cross-sectional schematic of a bottom-contact top-gate organic field-effect transistor 
architecture. c) Transfer and output characteristics of a C14-PBTTT based field-effect transistor with a Cytop-M dielectric. The channel length and width 
in this organic transistor was L = 20 μm and W = 1 mm, respectively. d) Transfer and output characteristics of a C16-IDTBT based field-effect transistor 
with a Cytop-M dielectric. The channel length and width in this organic transistor was L = 120 and W = 40 μm, respectively. The thin films of C14-PBTTT, 
C16-IDTBT, and Cytop-M were 50, 45, and 500 nm thick, respectively.

Adv. Electron. Mater. 2022, 8, 2101019
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uniformity on the nanoscale. We finally use nanoindentation-
based nanoscale dynamical mechanical analysis (nano-DMA) 
to draw up a comparison between the viscoelastic properties of 
the three organic polymers in question. The significant differ-
ences that we observe in the magnitude and nanoscale homo-
geneity of the mechanical properties in these materials provide 
crucial insights for the design of ultra-small polymer semicon-
ductor based mechanical resonators.

2. Experimental Probes of Organic Polymer
Nanomechanics
The atomic force microscope (AFM) based quantitative nano-
mechanical mapping of the Young's modulus, the adhesion 
and the deformation were performed using Bruker's Dimen-
sion IconXR. The measurements were performed with Peak-
Force Tapping based quantitative nanomechanical mapping (at 
2  kHz) together with a laser Doppler vibrometer factory cali-
brated AFM probe with 30 nm tip radius and spring constant of 
42.8 n m−1 (RTESPA-300-30), which are designed specifically for 
nanomechanical measurements. During the nanomechanical 
property mapping, the scan rate was set to 0.4 Hz, the PeakForce 
setpoint was 50 nn, and the scan area was set to 5 μm × 5 μm 
or 1 μm × 1 μm with 512 × 512 pixels. The imaging time took 
≈20 min per scan. Before and after the measurements on the
organic polymer samples presented in this study, the Dimen-
sion IconXR AFM was used to measure a reference sample
of PDMS to confirm its known properties (see  Section S1,
Supporting Information). The reduced Young's moduli (E*)
reported in this work are extracted for every single pixel of
the modulus maps by fitting the retract part of the force curve

using the DMT model, F E Rd Ftip adh= +∗4

3
3 , which takes into 

account the force on the tip (Ftip), the tip-sample adhesion force 
(Fadh), tip end radius (R), and tip-sample separation (d).[21–23]

Additional confirmatory nanomechanical measurements 
were carried out on semicrystalline C14-PBTTT samples using 
a Dimension FastScan AFM (Bruker, USA). The measurements 
were conducted using a Tap300DLC probe with a diamond-
like carbon tip coating. The actual spring constant, calibrated 
with the thermal calibration method, was 54.3 n m−1. The tip 
outer radius was evaluated using a titanium roughness sample  
(RS-12M) and was ≈9–10 nm. The PeakForce setpoint was set to 
98 nn. The scan rate in this case was 1.88 Hz.

Since confinement and nanostructuring are known to impact 
the measured mechanical properties of organic polymers, it is 
crucial to specify the thickness of the organic polymer films 
when specifying their measured modulus.[24] In this study, the 
thickness of the three organic electronic polymers were chosen 
in keeping with their routine deposition parameters and dimen-
sions used in organic field-effect transistors. The thin films of 
C14-PBTTT, C16-IDTBT, and Cytop-M reported here were 50, 
45, and 500 nm thick, respectively. The thickness was estimated 
using a combination of an AFM and a DektakXT stylus pro-
filometer. The error on these measurements was ≈5%. The 
organic thin films were spin-coated from solution onto very 
low surface roughness Si/SiO2 substrates. Since the methods 
used to deposit the films also affect the measured elastic  

properties,[25,26] it is also important to connect the measured 
values with the chosen film growth procedures (see Section S2, 
Supporting Information).

The topography, modulus, adhesion, and deformation 
documented in this work were extracted from the measured 
force curves between the AFM cantilever tip and the sample 
surface during measurement and plotted using the Gwyddion 
software with little to no data post-processing. Other than 
selecting a color palette and choosing an appropriate scale 
bar, no post-processing was done on the maps of the mod-
ulus, adhesion, and deformation. A correction to the modulus 
map was made to remove artefacts arising from horizontal 
line scanning only if necessary. Such minimal data surgery 
ensures a high level of data integrity as well as an ability to 
draw comparisons across the three polymers with confidence. 
In the case of the topography alone, Gwyddion's Align Rows 
feature was used with the median method to remove artefacts 
related to line scanning.

Nanoindentation-based nano-DMA on the three polymer 
films was performed using Bruker's Hysitron TI 980 TriboIn-
denter equipped with a Performech II controller. The thin 
film samples were mechanically clamped to the Hysitron 
stage without the need for additional sample preparation. The 
indentation experiments were performed using a cube corner 
indenter, the sharp geometry of which allows deforming a 
minimum sample volume to avoid substrate effects on the 
thin film measurement. Seeing as some of the organic films 
studied here are only ≈50  nm thick, the measurements using 
the TriboIndenter are done close to the instrument's working 
limits on sample thickness. The indentation tests shown in 
this work were performed with a standard 10 mn nano-DMA 
III transducer, but the actual load applied on the soft surface 
was typically only a few μn. During a nano-DMA examina-
tion, a relatively small sinusoidal load is superimposed over the 
quasi-static load applied to the probe. The resulting sinusoidal 
displacement signal-associated phase lag, together with the 
transducer calibration, are used to calculate the stiffness (ks) and 
damping of the sample (Cs). Once the stiffness and damping of 
the materials are known, the dynamic moduli E′ and E′′ as well 

as tan δ are calculated according to the equations, E
k

A

π′ = √
√2

s ,  

E
C

A

ω π′′ = √
√2
s  and

C

k
δ ω=tan s

s

. The storage modulus, E′, is the 

in-phase or real component of the modulus while the loss 
modulus, E′′, is the out-of-phase or imaginary component. E′ 
describes the material's elastic response while E′′ describes 
the material's viscous response. In the equations, A is the 
projected contact area and ω is the angular oscillation fre-
quency. tan δ is simply the ratio of the two dynamic moduli. 
We performed the dynamic indentation experiments at 20 Hz 
with a dynamic amplitude of 2  nm and the film properties 
were determined at small penetration depths of few nanom-
eters. The stiff Si/SiO2 substrates used reduces the displace-
ment amplitude at larger depths, increasing the scattering in 
the measured parameters E′, E′′, and tan δ. Small penetration 
depths are necessary to avoid the limitations of pile-up which 
inadvertently affect the use of the Oliver Pharr procedure to 
estimate the modulus through indentation measurements on 
polymers.[27]
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3. Results and Discussion

The nanomechanical properties of the organic electronic poly-
mers measured using PF-QNM and their viscoelastic properties 
measured using nanoindentation are described in succession 
below.

3.1. PeakForce QNM Based Nanomechanical Characterization

Spatial maps of the topography, modulus, adhesion, and defor-
mation over a 5  μm x 5  μm scan area in C14-PBTTT, C16-
IDTBT, and Cytop-M measured using PF-QNM are shown in 
Figure  2. As seen in this materials overview figure, large ter-
races of C14-PBTTT with voids in between the crystallites are 
evident from its topography. The modulus of C14-PBTTT fol-
lows these crystallites and displays significant non-uniformity. 
On the other hand, both the near-amorphous C16-IDTBT and 
the amorphous Cytop-M have smooth surfaces and show a high 
level of uniformity in their maps of topography and modulus 
at the current image resolution and scanned image size. The 
average values of the topographical roughness and modulus, 
together with the adhesion and deformation for the three dif-
ferent polymers are tabulated in Table  1 together with their 

RMS variations. C16-IDTBT and Cytop-M show an RMS topo-
graphical roughness <0.55 nm. C14-PBTTT on the other hand 
is significantly rougher. The measured average modulus over 
the scan area of 5 μm × 5 μm was 4.8 GPa for C14-PBTTT but 
came with a much greater RMS variation of nearly 30% in 
comparison with C16-IDTBT and Cytop-M. C16-IDTBT was the 
softest material of the three polymers with an average modulus 
of only 1.2 GPa, accompanied by a very high spatial uniformity 
as seen in its RMS variation of less than 10% the average value. 
The measured softness in the C16-IDTBT films is reflected in 
relatively larger values of the surface deformation of the film. 
Cytop-M shows the highest average modulus of the three poly-
mers with a spatial uniformity larger than C14-PBTTT but 

Figure 2. Topography, modulus, adhesion, and deformation in three organic electronic polymers, namely, C14-PBTTT (a–d), C16-IDTBT (e–h), and 
Cytop-M (i–l).

Table 1. Average values of roughness, modulus, adhesion, and deforma-
tion in the three organic electronic polymers, C14-PBTTT, C16-IDTBT, and 
Cytop-M measured over 5 μm × 5 μm.

Polymer RMS roughness  
[nm]

Modulus  
[GPa]

Adhesion  
[nn]

Deformation 
[nm]

C14-PBTTT 3.21 4.80 ± 1.29 19.33 ± 2.36 1.25 ± 0.23

C16-IDTBT 0.55 1.17 ± 0.13 15.67 ± 1.43 2.07 ± 0.17

Cytop-M 0.39 7.91 ± 1.02 7.99 ± 0.71 1.53 ± 0.11
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significantly smaller than C16-IDTBT. The adhesion of the 
three polymers C14-PBTTT, C16-IDTBT, and Cytop-M shows a 
trend that decreases jointly with the degree of crystallinity and 
the level of roughness in the film, with the rough semicrystal-
line sample C14-PBTTT having the highest adhesion and the 
amorphous flat Cytop-M sample having the lowest adhesion. 
Accurate estimates of the surface adhesion in these polymers 
are contingent on a complete removal of any residual solvent in 
the film prior to measurement.

Previous studies on polythiophenes such as C14-PBTTT 
have shown that a higher crystallinity within the organic 
polymer film leads to both a higher charge carrier mobility 
as well as a larger modulus.[20] This intuitive relationship 
between the crystallinity, charge carrier mobility, and mod-
ulus, is not immediately apparent in C16-IDTBT and is dis-
cussed further below.

Both C14-PBTTT and C16-IDTBT have high charge car-
rier mobilities approaching 1 cm2 V−1 s−1,[16,28,29] although the 
underlying charge transport mechanisms are different in the 
two materials. C14-PBTTT is ordered within its semicrystal-
line regions, with interdigitated alkyl side chains that enhance 
structural rigidity to facilitate charge transport along the π–π 
stacking direction in addition to transport along the twisted 
polymer backbone.[28] In the case of C16-IDTBT however, its 
ultralow backbone-torsion permits fast transport along the 
polymer spine that is not impeded by the lack of alkyl side 
chain order.[16] This is fundamentally why the two materials 
sport very different morphologies but still possess appreciable 
charge carrier mobilities. To help connect this existing picture 
with the mechanical properties of the two polymers, Figure 3 
shows high-resolution data on the topography and modulus 
maps over an area of 1 μm2 for semicrystalline C14-PBTTT 

Figure 3. (a–d) are the topography, modulus, modulus, and topographical line scans along the dotted white lines, and modulus histogram over  
1 μm × 1 μm, in C14-PBTTT respectively. (e–h) are the topography, modulus, modulus, and topographical line scans along the dotted white lines, and 
modulus histogram over 1 μm × 1 μm, in C16-IDTBT respectively.
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and for near-amorphous C16-IDTBT. Figure 3a maps the indi-
vidual grains and grain boundaries between the crystallites in 
C14-PBTTT. In Figure  3b, the corresponding spatial modulus 
is plotted, demonstrating clearly that the uniformity is broken 
at the grain boundaries. The same is visualized in Figure  3c 
which plots a line scan along the dotted white line of Figure 3b. 
Figure  3c also includes a line scan of the height topography, 
shown in red, along the white dotted line of Figure 3a showing 
that the modulus peaks at the topographical grain boundaries. 
The significant difference in the line scans of the topography 
and the modulus in Figure  3c is additional confirmation that 
the measured features are not influenced by the tip itself. 
Figure 3d plots a histogram of the moduli measured over the 
512  ×  512  pixels covering the area of 1 μm2. The measured 
average modulus is 5.1 ±  1.6 GPa but displays large variations 
across the area as seen through the width of the histogram. 
These properties are in stark contrast to the topography and 
modulus of C16-IDTBT shown in Figures  3e and  3f, respec-
tively. The topographical image clarity depends on the type of 
probe used, its radius, the surface force applied, and the dimen-
sion of the features on the film. Using the current cantilever 
tip with tip radius of 30  nm (designed primarily for nanome-
chanical measurements and hence stiffer than conventional 
AFM probes), the topography appears blurry on scanned areas 
of a square micron and under. This is on account of limited 
lateral resolution, but also because the C16-IDTBT surface is 
very smooth. It has a topographical roughness much smaller 
than the deformation on the surface during measurement. The 
soft surface is hence potentially flattened during the measure-
ment. One should keep in mind that the topography and the 
modulus are coupled in these measurements as they are quan-
tities read out from the same force curve. The topographical 
scans shown in this work are for the case where large forces are 
applied to the surface, as opposed to conventional AFM meas-
urements that do not require simultaneous surface indenta-
tion. Under these conditions and at high-resolution, these films 
are smooth, and show little spatial variation in the modulus. 
A modulus line scan along the white dotted line of Figure  3f 
is shown in Figure  3g together with its accompanying topo-
graphical line scan. This line scan demonstrates a high level of 
lateral uniformity in the modulus, even though the topography 
registers a broader undulation. The fact that the grain size of 
C16-IDTBT is well below the diameter of the cantilever tip,[30] 
places a limit on the nanoscale variations that can be imaged 
using our current setup, and on the length scale that we report 
uniformity over. Figure 3h documents the comparably narrow 
modulus histogram of C16-IDTBT over the 1 μm2 scanned area, 
demonstrating little spatial variation with an average value of 
1.8 ± 0.1 GPa. Despite being smooth and near-amorphous, the 
width of the modulus histogram for C16-IDTBT is well below 
that of Cytop-M, which is fully amorphous but comparatively 
smooth (see Section S3, Supporting Information).

On first assessment, it may seem as though the modulus 
values measured on the 1 μm2 areas are larger than those meas-
ured on 5 μm × 5 μm areas (Figure 2 and Table 1). In the case 
of C14-PBTTT, the modulus values agree within the error bars. 
In the case of C16-IDTBT on the other hand, the average mod-
ulus goes from 1.2 GPa measured over 5 μm × 5 μm to 1.8 GPa 
measured over 1 μm × 1 μm. An additional measurement that 

we performed on an area of 5 μm × 2.5 μm a week earlier to 
that documented in Figure  1, but which again confirmed the 
spatial homogeneity (narrow modulus histogram) on the 
probed length scales in C16-IDTBT showed an average mod-
ulus value of 2 GPa (see Section S4, Supporting Information). 
Repeated measurements on several areas in various C16-IDTBT 
films have confirmed that the value of its nanoscale modulus, 
measured a few weeks after fabrication and upon ambient air 
exposure, sits between 1 and 2 GPa. The narrow modulus histo-
gram in C16-IDTBT remains a universal feature in the repeated 
measurements.

Improved spatial homogeneity in the modulus of the semic-
rystalline polymer C14-PBTTT can be achieved upon chemical 
doping. A recent study on the semiconducting polymer P3HT, 
containing both amorphous and crystalline domains, showed 
that chemical doping tends to soften the crystalline domains.[31] 
The doped crystalline domains in P3HT show a reduced mod-
ulus, and their co-existence with amorphous domains in the 
film causes the spatial modulus histogram in doped P3HT to 
show a double peak feature.[31] C14-PBTTT films have large 
semicrystalline terraces, and when chemically doped, shows 
a spatial modulus histogram that has a single peak. Figure 4a 
shows a comparison of the spatial modulus measured on a 
pristine C14-PBTTT film compared with a C14-PBTTT film that 
was chemically doped to high conductivities up to 1000 S cm−1  
using an ion exchange based doping process (see Section S5, 
Supporting Information).[32] The pristine C14-PBTTT film has 
a low conductivity of ≈10–5 S cm−1 at low lateral bias and under 
no applied gate voltage. This intrinsic value is on account of 
C14-PBTTT's unintentional doping in oxygen. The dimin-
ished contrast in the measured modulus within the doped 
C14-PBTTT film shows that the individual domains are uni-
formly reduced in the average modulus. Doping also leads to 
a reduction in the modulus at the grain boundaries, as seen 
in Figure  4b that compares modulus line scans in pristine  
C14-PBTTT with doped C14-PBTTT along the white dotted 
lines of Figure  4a. Figure  4c compares the spatial modulus 
histograms of pristine C14-PBTTT, doped C14-PBTTT, and 
C16-IDTBT. In addition to a reduced average modulus of 
3.36  ±  1.03  GPa, doping of semicrystalline C14-PBTTT also 
leads to higher spatial uniformity, reflected in a narrower 
width of the modulus histogram. Although this represents an 
improvement over pristine C14-PBTTT, the homogeneity is 
still less than that measured in C16-IDTBT. C16-IDTBT cannot 
be efficiently doped using the same ion exchange procedure 
on account of its near-amorphous character. The cause for a 
reduced modulus in C14-PBTTT upon doping may be down 
to a few factors. One factor accounts for an expansion of the 
lamellae upon dopant incorporation within the film, which 
reduce alkyl side chain van der Waals interactions and reduce 
the attractive Coulombic interaction between planes of dopant 
ions and polarons.[32] A second factor may be down to a small 
number of residual solvent molecules that are incorporated in 
the film during the ion-exchange doping procedure.

In performing the nanomechanical measurements on  
C14-PBTTT and on C16-IDTBT, we processed the films using 
our optimized protocol that ensures high charge carrier mobili-
ties within field-effect transistors.[16,28] Devices made from  
C14-PBTTT are known to show high mobilities immediately 
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after fabrication but degrade over a span of days to weeks upon 
air exposure.[15,28,33,34] The degradation of C14-PBTTT in air is 
seen through a gradually diminishing on-current, a gradually 
reducing mobility, and an increasing off-current in transis-
tors fabricated from it.[15,28,33,34] C16-IDTBT on the other hand, 
requires a few days of air exposure to stabilize its high mobility 
after which it remains air stable for months.[35] Hence, to 
probe the nanomechanical properties of C14-PBTTT and doped  
C14-PBTTT in their high mobility configuration, the measure-
ments on them were carried out within the first week from fab-
rication. The measurements on C16-IDTBT on the other hand, 
were measured a few weeks after fabrication to allow sufficient 
time for the polymer film to stabilize its electronic properties 
in air. This process ensures that trap healing in C16-IDTBT is 
complete within the film at the time of estimating its modulus 
(see Section S6, Supporting Information). A comprehensive 
study on how the mechanical properties in C14-PBTTT age 
when left in air over several weeks is an investigation that goes 
beyond the current work. This said, preliminary measurements 
hint at there being a modest change in C14-PBTTT after sev-
eral weeks (see Sections S7 and S8, Supporting Information). 
This change potentially accompanies its electronic degradation 
over the same period. The role of humidity upon air exposure 
in these films is not known at this time, but detrimental effects 
have been observed previously in organic–inorganic semicrys-
talline films where the degradation mechanism begins at the 
grain boundaries.[36,37] All told, the fact that C16-IDTBT sports a 
high mobility despite its near-amorphous morphology in addi-
tion to a spatially homogeneous modulus that is comparatively 
low, makes this donor–acceptor co-polymer semiconductor a 
candidate for truly flexible organic microelectronics and electro-
mechanical devices.[38]

3.2. TriboIndenter-Based Nanoscale Viscoelastic Property 
Characterization as a Complementary Characterization Tool to 
PeakForce QNM

Nanoindentation based mechanical measurements comple-
ment the mechanical properties determined by AFM-based 
PF-QNM. Although the contact mechanics between the tip 
and the sample are similar in both approaches, the sensor 
characteristics are different. An exploration of a larger field of 
parameters can thus be made by employing both techniques 
side by side. The larger dimension of the indenter in nanoin-
dentation permits its force and displacement measurement 
to be calibrated utilizing standards from NIST which remain 
even when tips are changed. The tips are typically manufac-
tured from diamond and their shape remains unchanged 
upon tip cleaning. A nanoindenter (NI) has built-in rou-
tines to calibrate a complex (non-spherical) tip including its 
apex and its pyramid base described by a 6-parameter area 
function. The nanoindenter tip is mounted on a stylus and 
typically penetrates the tested material while the AFM tip is 
mounted on a cantilever and operates in a regime of elastic 
deformation of the sample surface. While a sharp tip is 
advantageous for both instruments to reduce the adhesion 
forces when in contact and obtain high spatial resolution 
maps, a blunt tip radius is necessary for accurate mechanical 
measurements to focus on the repulsive forces of the sur-
face. A small sideways motion of the tip on an AFM canti-
lever could be a concern for large deformations, however in 
nanoindentation, the tip dragging laterally on the surface is 
<0.5 nm, out of the 60 nm vertical motion. Characteristic dif-
ferences between the nanoindenter and the AFM used in this
work are summarized in Table 2.

Figure 4. a) Comparison between the areal modulus over 1 μm × 1 μm in pristine C14-PBTTT and in doped C14-PBTTT, b) modulus line scans along the 
dotted white lines in pristine C14-PBTTT and in doped C14-PBTTT, and c) comparison between the modulus histograms measured over 1 μm × 1 μm 
in pristine C14-PBTTT, in doped C14-PBTTT and in C16-IDTBT.
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Bruker's TI 980 nanoindenter used in the present experi-
ments was equipped with a sharp diamond indenter tip with 
a cube corner geometry and a radius of ≈50 nm. The tip shape 
was calibrated by routines described in the instrument's user 
manual and in ISO14577 for the depth range between 5 and 
150  nm. Indentation experiments were performed on virgin 
positions of each polymer sample. The tip oscillated at a fre-
quency of 20 Hz with an amplitude of ≈2 nm while approaching 
the sample. The surface of the sample was determined at the 
displacement position at which the contact stiffness began 
rising. The amplitude and phase of the oscillation was meas-
ured by a lock-in amplifier and then analyzed following earlier 
work.[39–41]

The mechanical properties of the polymers investigated in 
this work, determined as a function of penetration depth, are 
shown in Figure  5. The properties of the thin polymer films 
on the hard substrate can be discussed starting from a pene-
tration depth of 5 nm—the lower end of calibration of the tip 
shape. The sharp cube corner indenter allows measuring the 
properties of the polymer without a pronounced substrate effect 

and the film properties of each sample should be read from 
the plateau region starting above 5 nm. The hardness peak at 
low penetration depth is often called skin effect—attributing 
higher properties to the surface skin of polymers—there are 
however other effects to be considered before the observation 
can be attributed to a different cross-linking of polymers in the 
skin. Hardness is understood as the average stress in the con-
tact zone and can be overestimated because the adhesive forces 
that act in the contact zone are not fully measurable with the 
indenter-force-sensor. Moreover, the material experiences the 
highest strain rates at the initial penetration depth and a strain 
rate sensitive polymer requires higher stresses to be deformed 
at higher strain rates. The measured nanomechanical param-
eters using the indenter are typically lower than the measure-
ments performed with the AFM. The difference is linked to 
the different frequency regime of testing namely, 2 kHz on the 
AFM versus 20 Hz on the nanoindenter. Nevertheless, at 20 Hz, 
the viscoelastic properties are probed with higher fidelity, as the 
polymer's tactile response upon slow tapping can be measured 
more accurately.

Figure 5a shows a comparison between the hardness of the 
polymers as a function of penetration depth studied under 
nanoindentation. The overall trend as measured by the AFM 
continues to be preserved in this regime of low tapping at 
20 Hz, with the exception that the doped polymer C14-PBTTT 
is the least hard. The slight rise in the hardness of C16-IDTBT 
at higher penetration depths as seen in Figure  5a is possibly 
because the film retains more residual solvent in its bulk 
during processing, thus causing substrate effects to kick in ear-
lier. Figure 5b–d shows a comparison between the viscoelastic 

Table 2. Comparison between the salient characteristics of nanoindenta-
tion and AFM.

Parameter Nanoindentation AFM

Tip radius 50 nm 30 nm

Frequency range 0.1–300 Hz 0.1 Hz to 6 MHz

Force noise floor 30 nn Few piconewtons

Max force during experiment Few micronewtons 80 nn

Figure 5. Nanoscale dynamical mechanical analysis of pristine C14-PBTTT, doped C14-PBTTT, C16-IDTBT and Cytop-M performed using Bruker's TI 
980 TriboIndenter. a) Hardness, b) storage modulus, c) loss modulus, and d) tan δ.
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properties, that is, the storage modulus, loss modulus, and the 
loss tangent, tan δ, of the polymers in question. Cytop-M, being 
an order of magnitude thicker than the other organic polymer 
films at a thickness of 500  nm, shows the most robust meas-
ured plateaus arguably because substrate effects do not kick 
in at these penetration depths. The loss tangent tan δ is the 
highest for the doped C14-PBTTT film. This observation leads 
one to understand that although the doping process causes an 
increase in conductivity which is a positive for electrical appli-
cations, it is accompanied by higher viscoelastic/mechanical 
losses, a property that needs to be considered when deploying 
such doped polymers in mechanical resonators. Furthermore, a 
higher tan δ at the surface of the doped C14-PBTTT film illus-
trates that the viscous response is more important at low con-
tact depths than it is for pristine C14-PBTTT. Since the tan δ 
curves for pristine C14-PBTTT and doped C14-PBTTT approach 
each other at higher contact depths, it appears that the bulk 
is not affected to the same extent by doping, or that substrate 
effects are observed. The reduction in the tan δ of C16-IDTBT 
as a function of contact depth suggests that the indenter probe 
squeezes the film, displacing the residual solvent in the bulk 
under the probe in the process. This causes a reduction in the 
viscoelastic losses as the film is compacted under the probe tip.

In addition to film penetration, the nanoindenter was also 
used in its sensitive scanning probe microscopy mode to map 
the topographical differences between pristine C14-PBTTT and 
doped C14-PBTTT. Using this nanoindenter-based scanning 
probe microscopy mode, the topographical roughness as meas-
ured in the two films using the AFM were reconfirmed (see 
Section S9, Supporting Information).

4. Conclusions

Micromechanical and electromechanical devices built using 
organic electronic polymers necessitate a greater understanding 
of the active layer's mechanical properties on the grain-scale 
and the nanoscale. In this work, we use precision instrumen-
tation techniques to compare the nanomechanical properties 
of organic polymers that commonly constitute the layers in 
a polymer thin film transistor. We contrast two well-known 
organic polymer semiconductors on the grounds of their 
mobility, morphology, modulus, modulus homogeneity, and 
their low-frequency viscoelastic response. Our study focuses 
primarily on quantifying nanomechanical texture on length 
scales spanning several tens of nanometers to several hundred 
nanometers, as these dimensions are directly applicable within 
micromechanical resonators. On said length scales, the high-
mobility organic polymer C16-IDTBT shows a greater spatial 
homogeneity in its modulus compared with the high-mobility 
organic polymer C14-PBTTT. As C14-PBTTT can be chemi-
cally doped efficiently, we studied the influence of doping on 
the modulus and showed that the process is accompanied 
by a lower average modulus with improved spatial homoge-
neity compared to its pristine counterpart. Although doping 
increases the electrical conductivity of the film, its mechanical 
losses also increase. The latter is a finding that needs to be 
accounted for in electromechanical devices based on conductive 
organic polymers.
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Silicon carbide (SiC) is one of the hardest known materials. Its exceptional
mechanical properties combined with its high thermal conductivity make it a
very attractive material for a variety of technological applications. Recently, it
is discovered that two-layer epitaxial graphene films on SiC can undergo a
pressure activated phase transition into a sp3 diamene structure at room
temperature. Here, it is shown that epitaxial graphene films grown on SiC can
increase the hardness of SiC up to 100% at low loads (up to 900 μN), and up
to 30% at high loads (10 mN). By using a Berkovich diamond indenter and
nanoindentation experiments, it is demonstrated that the 30% increase in
hardness is present even for indentations depths of 175 nm, almost three
hundred times larger than the graphene film thickness. The experiments also
show that the yield point of SiC increases up to 77% when the SiC surface is
coated with epitaxial graphene. These improved mechanical properties are
explained with the formation of diamene under the indenter’s pressure.
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1. Introduction

Graphene has shown great potential forme-
chanical applications due to its exceptional
mechanical properties.[1–5] Recent investi-
gations of mechanically exfoliated mono-
layer graphene membranes by atomic force
microscopy (AFM) showed extremely high
in-plane stiffness (≈1 TPa) and membrane
strength ≈100 GPa.[1] However, experi-
ments on graphene grown by chemical va-
por deposition (CVD) on a copper sub-
strate showed no increase in hardness of
the graphene coated copper substrate.[6] Re-
garding the stiffness of substrates coated
with graphene, no increase has been de-
tected for exfoliated graphene on SiO2
substrates,[7] while a 5% increase has been
measured for copper coated with CVD
compared to bare copper.[6] For a copper

substrate coated with graphene, a mild increase in bearing ca-
pacity has been shown during the initial elastic regime at low
loads.[8]

Very recently it has been reported that two-layer epitax-
ial graphene grown on silicon carbide (SiC) can undergo a
room temperature, pressure activated phase transition from
sp2 to sp3 hybridization. This phase transition dramatically
changes the elastic properties of the graphene/SiC system under
pressure.[7,9–11] In particular, purely elastic ångström indentation
(Å-indentation) measurements indicated a surface stiffness com-
parable to diamond, while no investigations on the plastic behav-
ior have been performed.[7,9,10,12]

Silicon carbide is considered one of the best materials for
protection against high-speed impacts and for body armor
applications[13] due to its extreme hardness, strength, and high
thermal conductivity. Considering the technological interest
in the exceptional mechanical properties of SiC, second only
to diamond, here, we investigate how the hardness of a SiC
substrate can be further improved when SiC is coated with an
atomically thin and thermally conductive epitaxial graphene
film. In particular, we conduct Berkovich hardness indentation
tests on monolayer (1L) epitaxial graphene films grown on the
Si-face of SiC(0001),[14] where a typical buffer carbon layer (BfL)
sits in between graphene and SiC[14] (see 1L/BfL/SiC in Figure
1a); in addition, we investigate H-terminated SiC(0001) coated
with 2L quasi-free-standing epitaxial graphene films[15,16] (see
2L/H-SiC in Figure 1a), and finally we compare the results with
a bare SiC(0001) substrate, see the Experimental Section for
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Figure 1. Nanoindentation experiment. a) Schemes of the investigated samples, namely bare silicon carbide, one epitaxial graphene on the carbon
buffer layer on silicon face of SiC, and quasi free-standing bilayer graphene on silicon face of SiC after hydrogen intercalation, and the scheme of
pressure activated diamene structure.[9,11] b) Scheme of the nanoindentation experiments with a diamond Berkovich tip. c) Nanoindentation experiment
consists of three stages, first loading part with the constant strain rate, second stage when the maximal load is held and the third unloading stage while
the load is linearly decreased. d) The obtained load-displacement curve from the nanoindentation experiment. e) Residual imprint on the surface after
nanoindentation experiment.

more details on the samples. The experiments show up to 100%
increase in hardness, and 80–50% increase in elastic modulus
when SiC is coated with 1 L epitaxial graphene plus buffer layer,
or with 2 L quasi-free-standing graphene compared to bare SiC
at low loads (up to 900 μN). This increase levels off to ≈30%
when indentation loads are 10 mN, and indentations depths
reach 175 nm. Furthermore, we demonstrate that the minimum
pressure leading to residual plastic indents, i.e., the yield point,
increases by 77% when SiC is coated with epitaxial graphene
films. These results can be explained by the pressure activated sp2

to sp3 phase transition occurring in two-layer epitaxial graphene
on SiC when a Berkovich tip indents the system and forms
a diamond layer, called diamene[11] (Figure 1a). Importantly,
previous Å-indentation measurements indicated that diamene
was ultra-stiff, however the indentations used to determine the
stiffness of diamene were <1 Å.[7,9,10] Here, we show that the
atomically thin diamene layer can improve the mechanical prop-
erties of SiC even at high loads, corresponding to indentations
three hundred times larger than the graphene film thickness.
Furthermore, this work suggests that the phase transition can
occur also over large areas for large indenters, here at least μm2

areas. These findings are promising for future applications in
high-impact protective coatings, body armors production, and
for use in aeronautics, aerospace, and automobile industry.

2. Results and Discussion

The hardness H and elastic modulus E of bare and graphene
coated 6H-SiC (0001) substrates are investigated by indentation
experiments using a Hysitron TI 950 Triboindenter with a dia-
mond Berkovich indenter, applying loads in the range between
300 μN and 10 mN (Figure 1b). During the indentation experi-
ments, the indenter is brought into contact with the surface of
the investigated sample while increasing the normal force at a

constant rate until a given maximum load is achieved, then the
maximum load is held for a certain amount of time, and in the
final stage, the load is decreased linearly with time, see Figure 1c.
In the experiments, the load and the indentation depth are mea-
sured and recorded simultaneously. During the loading part, the
Berkovich indenter induces elastic and/or plastic deformations;
during the unloading part, the elastic deformation can be fully
restored (Figure 1d), therefore a residual imprint of the indenter
shape on the sample surface (Figure 1e) remains only if plastic
deformations occur during the loading part. The hardness is es-
timated from the unloading part of the indentation curves using
the Oliver–Pharr method[17] (see Experimental Section) and plot-
ted as a function of the applied load in Figure 2a. The correspond-
ing load displacement curves are shown in the supplementary
information (see Figures S2–S4, Supporting Information). The
indenter shape and the indentation projected area needed for the
Oliver–Pharr method[17] are calibrated based on the known hard-
ness of the bare SiC sample, which is 30 GPa[18–21] (see Experi-
mental Section and Supporting Information). For example, Shaf-
fer et al.[21] obtained a hardness of≈30 GPa along the c-axis using
a Knoop indenter, and Henshall et al.[20] obtained hardness val-
ues of ≈30 GPa in the (0001) direction using a Berkovich inden-
ter. In Figure 2a, alongwith the results on bare SiC, we also report
the measured hardness of graphene coated SiC samples, namely
1L/BfL/SiC and 2L/H-SiC (see Figure 1a). The measurements
show higher values of hardness in graphene coated SiC com-
pared to bare SiC(0001) in the whole range of investigated loads.
Very importantly, at loads lower than 500 μN, the load-indentation
curves do not indicate any plastic deformation in the case of
1L/Bfl/SiC(0001) and 2L/H-SiC(0001), as can be seen in Fig-
ure 2b (more curves can be found in Figures S2–S4, Supporting
Information), showing a higher ability of graphene coated SiC
to withstand higher pressures before yielding. These results are
attributed to the local formation of diamene,[9,10] induced by the
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Figure 2. Hardness determined by Oliver-Pharr method. a) Average hardness dependency on the applied load for different samples. Experimental
average data are shown as markers and solid lines represent fit with an exponential decay function as a guide for the eye. b) The load displacement
curves at 300 μN showing no plastic deformation in case of SiC samples coated with epitaxial graphene. c) The percentage change in hardness between
graphene coated and bare SiC.

pressure activated sp2 to sp3 phase transition in the two graphitic
layers under the indenter. This 2D diamond-like structure on SiC
increases the resistance of SiC to yield compared to bare SiC,
resulting in higher hardness. On the other hand, previous the-
oretical work[9] predicts no graphene-diamene phase transition
at room temperature for >3 L. Indeed, we find that when SiC is
coated with 10 L of epitaxial graphene, the hardness decreases of
≈88% compared to bare SiC. This is also in agreement with pre-
vious studies that did not show any improvement in the hardness
of copper when coated with only one layer of CVD graphene.[6]

The increased hardness of the 1L/Bfl/SiC(0001) system is con-
sistent with a coating harder than the SiC substrate.[22] The hard-
ness of the graphene/SiC composite structure decreases with in-
creasing loads, reaching a plateau value of ≈40 GPa at 10 mN
loads, a value which is 30% larger than the hardness of bare SiC
at the same load and closer to the hardness of diamond, i.e., 60–
150 GPa.[23] Furthermore, compared to bare SiC, the hardness of
1L/Bfl/SiC(0001) and 2L/H-SiC(0001) at lower loads, e.g. 500 μN,
displays an incredible increase of up to 100%, compared to bare
SiC, reaching values of 60GPa (see Figure 2c). Importantly, previ-
ous experiments indicated that diamene was ultra-stiff; however,
the indentations used to determine the stiffness of diamene were
<1 Å. On the other hand, here, we show that the atomically thin
diamene layer can improve themechanical properties of SiC even
at high loads, corresponding to indentations of ≈175 nm, i.e., al-
most three hundred times larger than the graphene film thick-
ness. Furthermore, the measurements show improved hardness
and stiffness even when using a large Berkovich indenter, as op-

posed to a 10 nmAFM indenter used in previous studies,[9,10] sug-
gesting that the phase transition can occur over large areas, in this
work areas up to μm2 have been probed, as shown in Figure 1e.
The hardness values presented in Figure 2 have been obtained

using the Oliver–Pharr method, to confirm these results, we also
perform AFM measurements of the projected area of the resid-
ual indentations at selected loads of 900, 1100, 1300, 1600, and
10 mN (see Figure 3a). In particular, in the range between 900
and 1600 μN, for which the projected area of the residual inden-
tations is well defined in the AFM maps, we evaluate hardness
and elastic modulus for all samples (see Figure 3b,c). By compar-
ing the results in Figures 2, and 3 it is clear that the two meth-
ods give consistent hardness results. Regarding the elastic mod-
ulus, we find that the Young’s modulus of SiC coated with epi-
taxial graphene is ≈750 GPa when the load is 900 μN, while at
the same load the Young’s modulus of bare SiC is 400 GPa, in
agreement with values reported in literature.[19,24] At larger loads,
the difference between bare and graphene coated SiC decreases,
showing only a 30% increase at 10 mN. The large increase in in-
dentation elastic modulus up to ≈0.7 TPa for graphene coated
SiC, at loads as large as 1 mN, is quite surprising considering
that at these loads the indenter penetrates 30–40 nm, a depth≈60
times larger than the thickness of the graphene film. To investi-
gate the stress distribution in the samples, we conducted finite
element simulations of the plastic deformation of bare silicon
carbide and silicon carbide covered with a five angstroms thick
diamond film; the results are reported in Figure S12 (Supporting
Information).
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Figure 3. Hardness and Young’s modulus determined by AFM imaging of residual indentations. a) Images of residual indentations on the surface of a
bare SiC sample and 2L/H-SiC sample for a load of 1600 μN. b) Hardness evaluated from the AFM topographical images of residual indentations for
different samples in the range between 900 and 1600 μN, and 10 mN. The determined Young’s modulus is shown in the inset. Experimental data are
shown as markers and solid lines represent fit with an exponential decay function as a guide for the eye. c) The percentage change in hardness (blue
line) and Young’s modulus (gold line) between graphene coated and bare SiC.

Figure 4. Onset of plastic deformation and yield point. a) Presence of residual indentations after triboindentation tests with Berkovich tip (R = 150 nm)
on bare SiC(0001) and 1L/Bfl/SiC(0001) samples in the applied load range between 300 and 700 μN. b) Calculated yield point from the Figure 4a showing
an increase of ≈77% for 1L/Bfl/SiC sample compared to bare SiC. c) Presence of residual indentations after nanoindentation tests with a diamond AFM
tip with radius of 10 nm in the range of applied load between 35 and 140 μN. d) Corresponding yield point for AFM nanoindentation tests showing an
increase of ≈63% for 1L/Bfl/SiC sample compared to bare SiC.

Furthermore, we investigate the presence of residual indenta-
tions at low loads (300–700 μN) on the surface of bare SiC(0001)
and graphene coated SiC to determine the onset of plastic de-
formation. Interestingly, we observe residual indentations on the
surface of bare SiC for all loads, while no residual indentations
are present on the surface of 1L/Bfl/SiC at loads 300 and 400 μN

(see Figure 4a), in perfect agreement with the behavior of the load
displacement curves (see Figure 2b). The first residual indenta-
tion is visible on the surface of 1L/Bfl/SiC only after indentation
experiments at 500 μN. Figure 4b shows the corresponding calcu-
lated yield points Y, defined as the pressure at which the sample
starts to undergo a plastic deformation, and obtained from the
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values of the maximum load without a residual indentation and
the minimum load with a residual indentation on the sample’s
surface using the following equation:

Y = 1
𝜋𝜋

(
6FYE

2
r

R2

) 1
3

(1)

where R is the radius of the indenter and Er is the relative elastic
modulus. The yield point varies between the 57 GPa and 65 GPa
for bare SiC, while for graphene coated SiC, the yield point is
between 104 and 112 GPa, corresponding to an astonishing in-
crease of ≈77% compared to bare SiC. To study the role of the
indent size, we perform nanoindentation experiments when the
sample surface is indented with a diamond AFM tip with a radius
of 10 nm. Figure 4c shows that for this indenter size, residual in-
dentations appear at 58 ± 8 μN for bare SiC, while the 1L/Bfl/SiC
sample begins to yield at 83 ± 17 μN, resulting into a yield point
between 217 and 239 GPa for bare SiC, and between 347 and
398 GPa for 1L/Bfl/SiC. The values of yield point obtained with
a smaller indenter (10 nm) are significantly higher than those
obtained with a larger indenter (150 nm), in agreement with pre-
vious studies,[25] this effect may be driven by a difference in the
gradient of deformation outside the indenters, and the need for
more geometrically necessary dislocations in the case of sharper
indenters.[26] However, for both indenter sizes the percentage in-
crease in yield point for 1L/Bfl/SiC compared to bare SiC exhibits
similar values, specifically 77% for the triboindenter experiment
(150 nm radius), and 63% for the AFM nanoindentation experi-
ment (10 nm).
To corroborate the finding that under a localized load 1L

graphene plus buffer layer undergoes a phase transition to a
diamond-like structure, we used a conductive AFM (c-AFM)
probe to apply a local load and simultaneously measure the elec-
tronic current flowing through the AFM tip-sample contact, see
Figure 5. We expect an increase in resistivity (decrease of current)
when the load is enough high to activate the graphene-diamene
phase transition. As can be seen in Figure 5, the current increases
with increasing normal force (because the contact areas increase
with load) until the normal force reaches 175 nN. Then the cur-
rent decreases with increasing force until reaching the maximal
force of 250 nN. The same behavior occurs during the unloading
part with a peak at 200 nN. These results demonstrate that for
a diamond AFM tip having a radius ≈10 nm, the phase transi-
tion occur ≈175 nN. We also remark that this phase transition is
metastable. Based on our previous studies and the above reported
c-AFM measurements, diamene formation is pressure-induced
and once pressure is released the created sp3 hybridization switch
back into sp2 hybridization.

3. Conclusion

In conclusion, motivated by the recent discovery of a room tem-
perature pressure activated phase transition of epitaxial graphene
into a sp3 diamene structure, we have investigated the hardness
of single crystal SiC coated with epitaxial graphene films.We find
that when SiC is coated with 10L of epitaxial graphene, the hard-
ness decreases of ≈88% compared to bare SiC. However, when
SiC is coated with a 1 L epitaxial graphene plus a graphene-like

Figure 5. C-AFM measurements. a) c-AFM maps taken at loads of 0, 200,
and 250 nN on a 1L/Bfl/SiC(0001) sample with a bias of −4 mV. b) The
current signal (average current values measured in 1 nm2 squares similar
to the ones shown in (a)) versus normal force, measured with c-AFM on
a 1L/Bfl/SiC(0001) sample during loading the AFM tip (black squares and
curve) and unloading the AFM tip (red circles and curve). The sample was
biased at−4mV. In the inset we show a cartoon of the experimental setup.

buffer layer, or two graphene layers (in this case the SiC surface
is passivated with hydrogen), we observe a dramatic increase in
hardness. Precisely, we observe that coating SiCwith 1L graphene
plus buffer layer can increase the hardness of up to 100% at low
loads (between 500 and 900 μN) compared to bare SiC, increas-
ing from 30 to 60 GPa, a value approaching the hardness of dia-
mond. This increase in hardness falls off at high loads, reaching
a plateau value of 30% at 10 mN. The experiments also show that
the yield point and onset of plastic deformations in SiC increases
up to 77%when the SiC surface is coated with epitaxial graphene.
These findings shed light on the formation of diamene under the
indenter’s pressure. In particular, we show that the atomically
thin diamene layer can improve hardness of SiC even at high
loads, corresponding to indentations of ≈175 nm, i.e., almost
300 times larger than the graphene film thickness. This work
opens new possibilities for designing ultra-hard and ultra-light
thermally conductive coatings for SiC to improve its mechanical
performances for applications such as body armors, high-impact
protective coatings, and for use in aeronautics, aerospace, and
automobile industry.

4. Experimental Section
Preparation of Epitaxial Graphene Samples: Large area epitaxial

graphene films are grown on the Si face of 6H silicon carbide (0001) sub-
strates (II–VI Inc) by the thermal decomposition method.[14] The first car-
bon layer on the Si-face of SiC is called the buffer layer and this layer is
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partially covalently bonded to the SiC surface (≈30% sp3 bonded carbon
atoms[27]). The layers on top of the buffer layer have carbon atoms in sp2

configuration. Therefore, when we refer to single layer graphene, it is a
structure comprised of a graphene layer and buffer layer. The quasi-free
standing bilayer graphene is prepared from single layer epitaxial graphene
sample by intercalation in hydrogen atmosphere at an approximate pres-
sure of 1000 mbar with hydrogen flow at 3.0 slph. Hydrogen atoms satu-
rate Si–C bonds between SiC surface and buffer layer, which create Si–H
bonds and turn sp3 bonded carbon atoms into sp2 configuration.More de-
tails about the growth procedure can be found in Reference.[15,16] Schemes
of the structures are presented in Figure 1a.

Nanoindentation Measurements: Nanoindentation experiments are
performed onHysitron TI 950 Triboindenter with a diamond Berkovich tip.
The typical radius of curvature of a Berkovich tip, Rtip, is ≈150 nm at room
temperature and in humid atmosphere. The Berkovich tip indents the sam-
ple surface at a constant rate until the set maximum load is achieved, then
is held for 5 s. The loading time for this process is 62 s. Finally, the tip is
unloaded linearly in time within 5 s (see Figure 1c). The usedmaximal load
varied from 300 μN to 10 mN. The sensitivity of measurement is <30 nN
and <0.2 nm for load and displacement, respectively.

The unloading part of the load indentation depth curve is analyzed and
the hardness H and elastic modulus E can be determined. The hardness
H is defined by the following equation

H =
Pmax

Ap
(2)

where Pmax is the maximal applied load and Ap is the projected area of
the indenter in sample surface. For the Berkovich tip, the projected area is
equal to

Ap = 24.5h2c (3)

Here hc is the contact depth which can be calculated from the maxi-
mal indentation depth hmax, the maximal applied load Pmax, the contact
stiffness S, and a geometric factor 𝜖𝜖 (for Berkovich tip, 𝜖𝜖 = 0.75) by

hc = hmax − 𝜀𝜀
Pmax

S
(4)

At large contact depths the ideal tip area function, mentioned in Equa-
tion 3 can yield accurate results, whereas at low contact depths the ac-
tual tip geometry must be considered to get accurate results, due to the
presence of an indentation size effect. The indentation size effect can be
caused by several factors, such as the presence of residual stresses and
friction/adhesion between the sample surface and the indenter.[28,29] We
therefore use the following equation to describe the projected area

A (hc) = C0 h
2
c + C1hc + C2h

1∕2
c + C3h

1∕4
c + C4h

1∕8
c + C5h

1∕16
c (5)

The parameters in Equation 5 are obtained through a fitting proce-
dure of the experimental data of the bare SiC (see Figure S5, Support-
ing Information) with the parameter C0 kept at 24.56, describing the ideal
Berkovich diamond indenter.

Contact stiffness S is defined as S = dP/dh, which can be obtained from
the unloading part of a load-displacement curve as shown in Figures S2–
S4 (Supporting Information). Then the reduced elastic modulus Er is

Er =
√
𝜋𝜋

2𝛽𝛽
S√
Ap

(6)

where 𝛽𝛽 is a correction factor =1.034 for a Berkovich tip. The reduced elas-
tic modulus is given by

1
Er

= 1 − 𝜈𝜈2

E
+
1 − 𝜈𝜈2i
Ei

(7)

where Ei= 1140 GPa and 𝜈𝜈i= 0.07 are the known elastic modulus and Pois-
son’s ratio of the indenter, and E and 𝜈𝜈 are the same parameters of the
sample.

AFM Nanoindentation Experiments: The AFM nanoindentation exper-
iments are performed on a Bruker Multimode 8 AFM using a diamond
AFM probe (Micro Star Technologies, tip radius ≈10 nm, normal spring
constant 152 N m−1) in ambient conditions. The normal forces between
0 and 200 μN are used to indent a sample’s surface. The investigated area
is scanned before and after indentation experiment with the same tip in
a tapping mode, to distinguish if the residual indentation was created or
not.

Conductive AFM experiments: The conductive AFMmeasurements are
performed with a Bruker Multimode 8 AFM using a sharp conductive di-
amond probe (Adama innovation, tip radius ≈10 nm, normal spring con-
stant 74 N m−1) in ambient conditions. The current dependency on nor-
mal load is measured at forces between 0 and 250 nN.

Supporting Information
Supporting Information is available from the Wiley Online Library or from
the author.
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1. Introduction

Polymer semiconductors (PSCs) are a 
promising class of materials for cre-
ating flexible and stretchable electronic 
devices, such as organic field-effect tran-
sistors (OFETs),[1–4] organic light-emitting 
diodes,[5–7] and organic solar cells.[8–10] 
These PSCs are solution-processable, 
allowing lightweight, large-area, and low-
cost electronic devices to be conformable 
to various surfaces, such as on the human 
body.[11,12] However, despite the relatively 
low crystallinity of high-performance 
PSCs, their rigid molecular structures limit 
the intrinsic flexibility and stretchability, 
which suffer from fracture under strain 
below 10%.[13,14] To date, several methods 
have been employed to improve PSC 
mechanical properties, such as: 1) synthe-
sizing stretchable PSCs with new mole-
cular design concepts,[15–19] 2) blending 
PSCs with an insulating elastic polymer 
matrix,[16,20–22] 3) employing structural 
engineering,[23] such as wrinkles, buckling 
or porous structures, and 4) incorporating 
small molecule additives.[24–27]

Blending a PSC with an elastomer is 
an appealing strategy as it is capable of 

Polymer semiconductors (PSCs) are essential active materials in mechani-
cally stretchable electronic devices. However, many exhibit low fracture strain 
due to their rigid chain conformation and the presence of large crystalline 
domains. Here, a PSC/elastomer blend, poly[((2,6-bis(thiophen-2-yl)-3,7-bis(9-
octylnonadecyl)thieno[3,2-b]thieno[2′,3′:4,5]thieno[2,3-d]thiophene)-5,5′-diyl)
(2,5-bis(8-octyloctadecyl)-3,6-di(thiophen-2-yl)pyrrolo[3,4-c]pyrrole-1,4-dione)-
5,5′-diyl]] (P2TDPP2TFT4) and polystyrene-block-poly(ethylene-ran-butylene)-
block-polystyrene (SEBS) are systematically investigated. Specifically, the 
effects of molecular weight of both SEBS and P2TDPP2TFT4 on the resulting 
blend morphology, mechanical, and electrical properties are explored. In 
addition to commonly used techniques, atomic force microscopy-based 
nanomechanical images are used to provide additional insights into the blend 
film morphology. Opposing trends in SEBS-induced aggregation are observed 
for the different P2TDPP2TFT4 molecular weights upon increasing the SEBS 
molecular weight from 87 to 276 kDa. Furthermore, these trends are seen in 
device performance trends for both molecular weights of P2TDPP2TFT4. SEBS 
molecular weight also has a substantial influence on the mesoscale phase 
separation. Strain at fracture increases dramatically upon blending, reaching a 
maximum value of 640% ± 20% in the blended films measured with film-on-
water method. These results highlight the importance of molecular weight 
for electronic devices. In addition, this study provides valuable insights into 
appropriate polymer selections for stretchable semiconducting thin films that 
simultaneously possess excellent mechanical and electrical properties.
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not only improving a film’s mechanical properties but also of 
decreasing the consumption of the costly PSC component and 
does not require additional synthetic efforts. Moreover, it has 
been found that with a proper selection of elastic insulating 
polymer, improved charge transport capabilities of the blend 
film can be achieved relative to the neat PSC film.[16,20,22] The 
improved charge-transport property in PSC/elastomer blends 
has been attributed to optimized film morphologies such as 
increased PSC backbone planarization and aggregation, more 
favorable polymer chain alignment along the long axis of nano-
structured aggregates, and a well interconnected PSC nano-
structure network.[16,20–22] Many previous studies used poly-
styrene (PS) as the insulating polymer.[28–30] However, recent 
work showed thermoplastic elastomers can have the added ben-
efits of improving the softness and mechanical robustness of 
the PSC composite films[20] as PS is typically glassy and has a 
brittle nature.[31]

Due to the applicability of diketopyrrolopyrrole (DPP)-based 
PSCs in various fabrication methods,[32,33] we use a DPP-
based PSC as our model system, poly[((2,6-bis(thiophen-2-yl)-
3,7-bis(9-octylnonadecyl)thieno[3,2-b]thieno[2′,3′:4,5]thieno[2,3- 
d]thiophene)-5,5′-diyl)(2,5-bis(8-octyloctadecyl)-3,6-di(thiophen-
2-yl)pyrrolo[3,4-c]pyrrole-1,4-dione)-5,5′-diyl]] (P2TDPP2TFT4), 
blended with a thermoplastic elastomer, polystyrene-block-
poly(ethylene-ran-butylene)-block-polystyrene (SEBS). We chose
P2TDPP2TFT4 as the PSC because its synthesis has been care-
fully studied for solution processability and tuning of the mole-
cular weight.[34] DPP-based PSCs are typically semi-crystalline,
donor-acceptor type conjugated polymers with a strong tendency
for aggregation due to π–π stacking and have been reported
to show high charge carrier mobilities in thin film transistor
devices.[13,35] Although there has been success in improving
electronic and mechanical performance through blending of
different elastomers (i.e., polydimethylsiloxane (PDMS) and
polyethylene),[16] SEBS was chosen as the insulating elastomer
matrix due to its similar surface energy compared to DPP poly-
mers.[20] It was observed previously that DPP-based/ SEBS
polymer blends have nanoscale phase-separated morphology of
interconnected PSC nanofibrils with reduced conformational
defects compared to the neat polymer.[20] A previous study

reported that blending another DPP-based PSC, poly-[2,5-bis(7-
decylnonadecyl)pyrrolo[3,4-c]pyrrole-1,4-(2 H,5 H)-dione-(E)-(1,2-
bis(5-(thiophen-2-yl)selenophen-2-yl)ethene) (DPPDTSE), with 
SEBS resulted in a 50% higher field effect mobility compared 
to the neat DPPDTSE.[20] However, a detailed understanding of 
the effect of SEBS molecular weight is still missing. Specifically,  
we hypothesize that SEBS molecular weight may affect the phase 
separation and microstructure of the blended films, and these 
morphological parameters will affect the resulting thin-film 
mechanical and charge transport properties.

The polymer blend solution is a ternary system, which expe-
riences phase separation upon spin-coating as the solvent evap-
orates. In a polymer blend, morphology and phase separation 
are influenced by various parameters, such as solvent choice,[36] 
coating conditions,[21,22] polymer concentration,[37] and polymer 
molecular weight.[22,26,38–40] Phase separation, dominated either 
by spinodal decomposition or nucleation and growth, occurs 
due to polymer–polymer immiscibility depending upon the 
enthalpic and entropic contributions to the free energy of 
mixing.[16] In addition, substrate surface energy will influ-
ence vertical stratification, which has been used to create self-
encapsulated films and enables a one-step process in creating 
the dielectric and active PSC layers.[16]

The effect of PSC molecular weight on the film morphology 
in P2TDPP2TFT4/SEBS blends with a constant SEBS molec-
ular weight of 125 kDa was previously studied by our group.[22] 
We found that aggregation-induced molecular ordering in these 
blend films was strongly correlated to the molecular weight 
of the semiconducting component. The higher the mole-
cular weight of PSC used to blend with SEBS, the greater the 
observed ratio of polymer aggregation, resulting in improved 
charge transport in OFETs.[22] Prompted by this initial prelimi-
nary study, in this current work, we systematically investigate 
the effects of varying SEBS molecular weight in addition to PSC 
molecular weight, and test their effects on the blend-film mor-
phology, mechanical properties, and OFET performances. Spe-
cifically, P2TDPP2TFT4/SEBS blended films (Figure 1a,b) with 
several combinations of molecular weights (Table 1) were ana-
lyzed using ultraviolet-visible (UV–vis) absorption spectroscopy, 
grazing incidence X-ray diffraction (GIXD), X-ray photoelectron 

Figure 1. a) Chemical structure of P2TDPP2TFT4 and SEBS. b) Schematic rendering showing solvent evaporation during spin-coating from solution to 
thin film of the P2TDPP2TFT4/SEBS blends. Two distinctive mesoscale morphologies are represented in a schematic micrograph for the 95k-DPP/82k-
SEBS and 95k-DPP/276k-SEBS blends, respectively. P2TDPP2TFT4 is represented by dark blue and SEBS in light blue.

Adv. Electron. Mater. 2023, 2201055

	 32	

http://www.advancedsciencenews.com
http://www.advelectronicmat.de


www.advancedsciencenews.com

© 2023 The Authors. Advanced Electronic Materials published by Wiley-VCH GmbH

www.advelectronicmat.de

spectroscopy (XPS), atomic force microscopy (AFM), AFM-
based infrared-spectroscopy (AFM-IR), and optical microscopy 
(OM). The mechanical properties of the polymer blends were 
investigated through film-on-water tensile tests and AFM based 
nanomechanical mapping. The charge transport properties 
were measured by characterizing the corresponding OFETs. 
A schematic of the film formation and final morphology for  
varying molecular weights is shown in Figure 1b. We observed 
that the molecular weight of SEBS did not significantly affect 
the solution-phase pre-aggregation of P2TDPP2TFT4 but did 
cause changes to the amount of P2TDPP2TFT4 aggregation in 
thin film. AFM images revealed substantial differences in mes-
oscale morphology, while mechanical tests revealed changes 
in strain at fracture and modulus for P2TDPP2TFT4 blends 
depending on the SEBS molecular weight. Last of all, the field-
effect mobility trends, as a measure of charge transport in 
OFETs, should corelate with the aggregation trends based on 
the molecular weight of SEBS.

2. Results and Discussion

2.1. Morphology

We first investigated the thin film morphology of blends of 
various P2TDPP2TFT4 and SEBS molecular weights as well 
as the styrene content in SEBS (Table  1). Chemical structures 
of P2TDPP2TFT4 and SEBS are shown in Figure  1a. The 
films were prepared by spin coating a chlorobenzene solution 
containing P2TDPP2TFT4: SEBS with 3:7 weight ratio (final 
P2TDPP2TFT4 concentration of 2 mg mL−1 in chlorobenzene) 
on octadecyltrimethoxylsilane (OTS)-modified silicon wafer[41] 
or optically clean glass substrates. This weight ratio was chosen 
as it was previously found to be the typical optimal ratio for sev-
eral PSC/SEBS blends to give both high charge carrier mobili-
ties and good stretchability, given the maximum amount of 
aggregation and ideal nanofiber structure being present at this 
ratio.[20–22]

The absorption spectrum measured by UV–vis spectros-
copy allows for determination of changes in the aggregation 
behaviors of the PSC.[42,43] For P2TDPP2TFT4, typically the 
absorption band from UV–vis exhibits a broad π–π* transition 
of the monomer unit at ≈450 nm. The charge transfer absorp-
tion band between 600 and 900 nm shows two vibronic peaks, 
one at higher energy (0–1 transition) and one at lower energy 

(0–0 transition), which is normally attributed to polymer aggre-
gation.[42,43] A larger (0–0) to (0–1) peak intensity ratio and 
bathochromic shift is attributed to a higher fraction of aggre-
gated structures. The red shift of the aggregation peak would be 
related to either planarization or long-range order.[42–44]

As seen from Figure 2a, all blended P2TDPP2TFT4/ SEBS 
solutions used for film deposition exhibited a similar increase 
in the (0–0):(0–1) ratio as compared to that of the neat solu-
tion of P2TDPP2TFT4. However, no significant bathochromic 
shift was observed in the solution. The changes in (0–0):(0–1) 
ratio indicates a slight change in the amount of aggregation; 
however, there is not much of a difference based on the SEBS 
molecular weight. Consistent with prior reports,[20–22] all our 
blend films showed an increased (0–0):(0–1) ratio (aggrega-
tion ratio) and a bathochromic red shift of the (0–0) transition, 
≈8 nm, as compared to the neat film. This increased ratio and
bathochromic shift suggest that blending P2TDPP2TFT4 with
SEBS led to more aggregation formation, longer range ordered
aggregates, and/or backbone planarization.

We observed that the molecular weight of SEBS gave a weak 
opposing trend for the ratio of (0–0) to (0–1) transition peaks 
from the absorption profile for the two molecular weights of 
P2TDPP2TFT4. In the case of 95k-DPP, decreasing the SEBS 
molecular weight increased the PSC aggregation ratio in blend 
thin films, which suggested an increase in the amount of aggre-
gation formation (Figure  2b). On the other hand, for the 48k-
DPP, decreasing the molecular weight of SEBS resulted in a 
slight decrease in aggregation ratio (Figure 2b). We hypothesize 
that the opposing effects of SEBS molecular weight on aggrega-
tion are the product of the interplay between the kinetic trap-
ping caused by the fast solidification rates in spin-coating and 
thermodynamic interactions. Previous studies have indicated 
that the kinetics of crystallization will influence the final film 
morphology.[45] In addition, increasing the molecular weight of 
a polymer delayed the solidification and crystallization rates of 
film formation.[46,47] The influence of kinetics (solvent evapora-
tion rate, etc.) on the final film have not been studied in detail 
for this project; however, future studies should further investi-
gate this phenomenon.

The crystalline structure of the thin films was further inves-
tigated using GIXD to observe the impact of molecular weight 
on the polymer crystallinity. As crystalline packing coherence 
length (LC) can influence charge transport;[48] here, we esti-
mated LC using the Scherrer equation (Equation (1)),

L
K

q

2
C

π=
∆

(1)

where K is a shape factor and Δq is the full-width half-maximum 
of a diffraction peak.[48] A higher LC is an indication of a longer 
range order.[49] In this system, LC of the (200) reflection was 
observed to increase when P2TDPP2TFT4 was blended with 
SEBS (Figure 3a, Table 2; Figure S1, Supporting Information), 
as previously reported.[22] LC from the (200) reflection increased 
by up to 30% from the 95k-DPP neat film to blends, while it 
increased by up to 60% for the 48k-DPP blends compared to its 
neat film. The slightly larger increase in (200) LC for blended 
48k-DPP films (≈1.6-fold) as compared to 95k-DPP films (≈1.3-
fold) could be caused by the higher tendency for conformational 
disorder in the higher molecular weight 95k-DPP compared to 

Table 1. Molecular weight, dispersity (Đ), and styrene content (wt%) of 
the different polymers.

Polymer Mn [kDa] Đ Styrene content 
[wt%]

95k-DPP 95 2.49 –

48k-DPP 48 1.91 –

276k-SEBS 276 1.17 28

158k-SEBS 158 1.18 32

82k-SEBS 82 1.01 28

18%ps-93k-SEBS 93 1.09 18

42%ps-72k-SEBS 72 1.10 42
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Figure 3. a) 1D GIXD profiles extracted from 2D GIXD patterns for the out-of-plane direction (qz) of 95k-DPP and 48k-DPP thin film blends of various 
SEBS molecular weights. b) The ratio of the S 2p to C 1s peak for the 95k-DPP and 48k-DPP polymer blends of different SEBS molecular weights at 
different depths against their normalized thickness. 1.0 represents the air film interface, while 0 represents the dielectric film interface.

Figure 2. a) Solution UV–vis spectrum of 95k-DPP and 48k-DPP and their blends of variable SEBS molecular weights prepared from solutions with 
chlorobenzene as the solvent. b) UV–vis spectrum of 95k-DPP and 48k-DPP thin films (chlorobenzene (CB) as the solvent) and their blends of variable 
SEBS molecular weights annealed at 150 °C for 1 h.
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the 48k-DPP. On the other hand, the 158k-SEBS gave lower Lc 
for both molecular weights of P2TDPP2TFT4 compared to the 
other two SEBS even though this trend was not seen in the 
UV–vis ratio of the (0–0) and (0–1) transitions. This suggests 
the blend morphology may be altered by the molecular weight 
of the SEBS.

The film morphology was further analyzed using a com-
bination of XPS, AFM, AFM-IR, and OM. XPS-based depth 
profiling was performed to determine the vertical distribu-
tion of P2TDPP2TFT4 along the height direction of the blend 
film. By monitoring the sulfur S(2p) signals (unique to the 
P2TDPP2TFT4 polymer) and carbon C(1s) signal, we can esti-
mate the Sulphur to Carbon (S/C) ratio; hence, allowing iden-
tification as to how P2TDPP2TFT4 was distributed throughout 
the thickness of the film. Previous SEBS blend studies have 
found the DPP-based PSC located on both the top and bottom 
surfaces of the film.[20] However, Tran et  al. found that the 
solubility of a DPP-based PSC impacts the vertical phase sep-
aration.[50] Through side-chain engineering, the solubility of 
the DPP-based PSC is varied. In the case of the more soluble 
DPP-based PSC, the PSC is concentrated on both the top and 
bottom surface of the film. On the other hand, with a lower 
solubility, the DPP-based polymer is found to be concentrated 
on the top surface.[50] We observed that our blend films have 
P2TDPP2TFT4 primarily on the air–solid interface (top sur-
face) as opposed to at the semiconductor–dielectric interface 
(Figure  3b; Figure S2, Supporting Information). There is a 
gradual change in the concentration of P2TDPP2TFT4 from 
the air to dielectric interface. The S/C ratio in the thin film 
at the air interface is 11.8 and 23 times the S/C ratio at the  
dielectric interface for 95k-DPP and 48k-DPP, respectively 
(Table S1, Supporting Information). This indicates that the DPP-
polymer is concentrated at the top surface of the blend film. 
This finding is consistent with those published by Tran et al.[50] 
This is so, given that the molecular weight of P2TDPP2TFT4 
(48 and 95 kDa) is large; thus, influencing their solubility and 
the vertical phase separation.[20]

AFM phase images of both the bottom (Figure 4a; Figure S3, 
Supporting Information) and top (Figure S4, Supporting Infor-
mation) surfaces of thin films showed island-like structures for 
P2TDPP2TFT4 when blended with 276k-SEBS that transitioned 
to uniform nanofibers as SEBS molecular weight decreased to 
82k with both 48k-DPP and 95k-DPP. These changes in mes-
oscale structures can be explained by the changes in miscibility 

of the polymer blends as well as possibly being influenced by the 
kinetics of film formation. As molecular weight increases, there 
is a larger driving force for phase separation due to a smaller 
entropic gain to the free energy of mixing.[16,40] Indeed, by 
increasing P2TDPP2TFT4’s concentration from 2 to 10 mg mL−1  
while keeping the weight ratio of P2TDPP2TFT4/SEBS the 
same (Figure S5, Supporting Information), even in the solu-
tion, precipitates were observed in the 95k-DPP/ 276k-SEBS 
blend, while none were observed in the 95k-DPP/ 82k-SEBS 
blend. In addition, contact angle measurements (Figure S6 and 
Table S2, Supporting Information) were conducted to deter-
mine the surface energy and estimate the free energy of mixing 
of the polymer blends. Based on the calculated free energy of 
mixing (Table S3, Supporting Information), which was domi-
nated by the overall entropy change, increasing the molecular 
weight of either the P2TDPP2TFT4 or the SEBS increased the 
driving force for phase separation. The free energy of mixing 
provides the thermodynamic consideration on the miscibility of 
the two polymers. However, during film formation, the solution 
is a ternary system. Future work will be needed on the more 
complex ternary system.

The SEBS block copolymer microstructure (shown in  
Figure S7, Supporting Information) also changed in the 
blended films as its molecular weight varies. SEBS was clearly 
seen with regularly spaced PS nano-domains surrounding the 
P2TDPP2TFT4 islands in the 276k-SEBS blends. These PS 
nano-domains were also visible in the 158k SEBS but became 
less visible as the SEBS molecular weight decreased to 82k-
SEBS. There is a possibility that the SEBS morphology was 
interrupted due to lower entropic driving force for phase sep-
aration with P2TDPP2TFT4 for the lower molecular weight 
SEBS.

AFM-IR combines AFM with infrared spectroscopy (IR) 
(FTIR spectra shown in Figure S8, Supporting Information). 
This experimental tool scans an AFM probe across the sample 
surface while simultaneously illuminating the area under the 
probe with a pulsed, tunable infrared laser. When the laser is 
tuned to the unique infrared absorption bands of the sample, 
rapid thermal expansion occurs in the material. While in tap-
ping mode, the slight variations in tapping frequency caused 
by the rapid thermal expansion near the tip are detected as can-
tilever deflection and can be translated by Fourier transform. 
Therefore, the technique can distinguish materials in blends by 
their unique infrared absorption response and map the sample 

Table 2. Lamellar-spacing, π-stacking distance, and coherence length (LC) of 95k-DPP and 48k- DPP with their blends with 276k-SEBS, 158k-SEBS, and 
82k-SEBS, obtained from GIXD spectrum.

Polymer semiconductor Elastomer Lamellar-spacing [Å] (200) LC [nm] π-Stacking [Å] (010) LC [nm]

95k-DPP – 30.2 14.8 3.61 3.27

95k-DPP 276k-SEBS 30.7 19.4 3.63 3.62

95k-DPP 158k-SEBS 30.3 16.3 3.60 4.08

95k-DPP 82k-SEBS 30.6 19.6 3.60 3.37

48k-DPP – 30.0 16.5 3.68 5.00

48k-DPP 276k-SEBS 30.6 26.1 3.65 5.02

48k-DPP 158k-SEBS 30.4 19.3 3.63 4.46

48k-DPP 82k-SEBS 30.5 22.9 3.66 4.96
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surface as a function of chemical composition.[51] AFM-IR was 
utilized as a qualitative technique allowing the determination 
of areas of high concentrations of P2TDPP2TFT4 throughout 
the film surface. AFM-IR images confirmed that the island-
like structures and nanofibers from AFM phase images were 
regions of higher P2TDPP2TFT4 concentration (Figure 4b; Fig-
ures S9 and S10, Supporting Information).

The obtained AFM-IR images further highlighted larger 
regions of high P2TDPP2TFT4 concentration with increasing 
P2TDPP2TFT4 and SEBS molecular weights, as seen through 
the larger clustered green to red regions (5–15  µm in width) 
of higher concentration of 95k-DPP when blended with 276k-
SEBS (Figure 4b; Figure S10, Supporting Information). While in 
the 95k-DPP and 82k-SEBS blends, there was a more uniform 
amount of P2TDPP2TFT4 on the surface, seen through the 
green to red regions. The large islands in 95K-DPP blend films 
were also visible using OM. Specifically, OM images of 95k-
DPP/ 276k-SEBS blended films showed micron-sized domains, 
which were not present in the smooth films of 95k-DPP/ 82k-
SEBS blends (Figure  4c; Figure S11, Supporting Information). 
We note that despite observing micron-scale P2TDPP2TFT4 
enriched domains, our AFM-IR results indicated the presence 
of a continuous P2TDPP2TFT4 network in 95k-DPP/276k-SEBS 
films (Figures S7, S9, and S10, Supporting Information).

To investigate whether the observed morphological 
changes are also dependent on the amounts of PS in SEBS, 
≈82 kDa SEBS with different styrene contents was next inves-
tigated (Table  1). We observed there was still an increase in
the (0–0)/(0–1) ratio and a bathochromic red shift, ≈7  nm, of
P2TDPP2TFT4 when blended with this group of various SEBS.
However, there was no obvious trend in the (0–0)/(0–1) ratio
(Figure S12, Supporting Information), bathochromic shift
(Figure S12, Supporting Information), or (200) LC (Figure S13 
and Table S4, Supporting Information) correlated to the styrene 
content in the SEBS (Figure S12, Supporting Information). 
AFM phase images (Figures S14 and S15, Supporting Informa-
tion) and optical images (Figure S16, Supporting Information) 

were nearly identical regardless of styrene content. Last, 
P2TDPP2TFT4 was again seen to be primarily concentrated 
at the air interface rather than the dielectric interface by XPS 
depth profile (Figure S17, Supporting Information). These 
results suggest that the molecular weight of SEBS was the dom-
inating factor in impacting P2TDPP2TFT4/SEBS morphology 
and the PS content in the SEBS played a less significant role. 
However, we should note that here the effect of styrene content 
was only studied for ≈82  kDa SEBS. Most SEBS employed in 
previous studies had a molecular weight of 125 kDa; and thus, 
the effect of the styrene content at this higher molecular weight 
may be different.[20–22] We did not use it for our study as there 
are no commercially available ones with different PS contents 
for SEBS 125 kDa.

2.2. Mechanical Properties

We next investigated the effect of SEBS molecular weight and 
the concomitant morphological changes on the film’s mechan-
ical properties. The mechanical properties were studied by 
conducting film-on-water tensile tests and AFM based nanome-
chanical imaging. Stress–strain curves for the neat and blended 
films (Figure 5a) show large changes in the stress–strain 
behavior, modulus, and fracture strain. The stress–strain curves 
of films of the neat P2TDPP2TFT4 (Figure  5a), neat SEBS 
(Figure S18, Supporting Information), and blends (Figure  5a) 
show significant differences in stress–strain behavior. Origi-
nally, we expected that SEBS would dominate the mechanical 
properties, given the film composition being majority (70 wt%) 
SEBS. However, the blend films do not exhibit the pronounced 
strain stiffening present in neat SEBS (Figure S18, Supporting 
Information). Thus, the stress–strain behavior is influenced by 
both the P2TDPP2TFT4 and SEBS. The SEBS has a large influ-
ence on the modulus (Figure  5b; Table S5, Supporting Infor-
mation). The modulus decreases by up to 84% and 75% for 
95k-DPP and 48k-DPP, respectively, upon blending. Last of all, 

Figure 4. a) Phase AFM images of the bottom surface of 95k-DPP and 48k-DPP polymer blend films with different SEBS molecular weights. b) AFM-IR 
images of the bottom surface of 95k-DPP blended with 276k-SEBS and 82k-SEBS with an FTIR wavelength of 1659 cm−1. Red regions are those with a 
larger concentration of DPP while blue regions are those with a lower concentration of DPP. c) OM images of the bottom surface of 95k-DPP blended 
with 276k-SEBS and 82k-SEBS.
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the fracture strain (Figure  5b; Table S5, Supporting Informa-
tion) increases by up to 52 and 245 times in the blended films 
as compared to the neat 95k-DPP and 48k-DPP, respectively.

In terms of the effect of molecular weight, increasing the 
molecular weight of SEBS decreases the film moduli in both 
neat SEBS and blend (Table S5, Supporting Information). There 
are no trends in fracture strain with increasing SEBS molecular 
weight. However, the fracture strain trends mimic those of the 
neat SEBS. A complete understanding of the micromechanical 
failure mechanism and stress–strain behavior is beyond the 
scope of this paper and should be investigated in future work.

To further investigate the mechanical properties of the 
blended films, specifically relative to their mesoscale phase 
separation, AFM based nanomechanical images were collected. 
For the measurement, a soft cantilever was oscillated through 
intermittent contact onto the samples surface with a fixed force 
setpoint to generate force-spectra. With the calibration of the 
cantilever mechanics and tip radius, the measured force-spectra 
could be translated into quantitative nanomechanical images, 
including adhesion, DMT (Derjaguin–Muller–Toporov Model) 
modulus, deformation (indentation), and dissipation.[52] The 
nanomechanical property map is in the typical high spatial 
resolution of an AFM and provides rich information about the 

blend film, when compared to standard oscillation mode with 
an amplitude setpoint. In particular, nanomechanical imaging 
allows for differentiation between properties representing the 
surface (adhesion and dissipation) and subsurface (modulus 
and indentation). During the approaching of the cantilever 
toward the film, if the AFM tip penetrates the sample surface, 
it would probe the subsurface properties; therefore, providing 
determination of the DMT modulus and tip indentation depth. 
However, when the cantilever retracted from the film, the adhe-
sion and dissipation were measured, which were predomi-
nantly influenced by the uppermost surface layer.[52]

Nanomechanical images of P2TDPP2TFT4/ SEBS blend 
films of various P2TDPP2TFT4 molecular weights can be seen 
in Figure 6a (and also in Figures S19 and S20, Supporting Infor-
mation). The film morphology for all the films is consistent with 
those imaged in the standard AFM oscillating mode (Figure 4a). 
However, the modulus and dissipation images provide an 
increased contrast between P2TDPP2TFT4 and SEBS due to 
their mechanical differences. Specifically, the P2TDPP2TFT4 
regions have a higher modulus (bright green color in mod-
ulus map) and lower dissipation (dark blue color in dissipa-
tion map) when compared to SEBS regions. Yet, as seen from 
the oscillating mode AFM images (Figure  4a), the nano-phase 

Figure 5. a) Representative stress–strain curves of 95k-DPP and 48k-DPP neat and blended films obtained through film on water tensile tests. b) Zoom 
in on low strain region of the stress–strain curves of 95k-DPP and 48k-DPP neat and blended films obtained through film on water tensile tests. c) Bar 
chart showing the Young’s modulus of each film. d) Bar chart showing the fracture strain of each film. The error bars represent the standard deviation 
obtained from three to five different samples.
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 separation in SEBS can be seen clearly as small dots from the 
polystyrene domains in Figure 6a (and also in Figures S19 and 
20, Supporting Information). In contrast to previous work,[20–22] 
the SEBS morphology, that is, the dotted features, can even be 
seen below the P2TDPP2TFT4 regions in the modulus image 
as it samples the subsurface properties. Specifically, in the 48k-
DPP/ 82k-SEBS blend, the SEBS morphology is seen below the 
P2TDPP2TFT4 fibers in the modulus image but is not visible in 
the dissipation image. To amplify the difference between the sub-
surface (modulus) and surface (dissipation) features, the images 
were arithmetically combined. The resulting images (Figure 6a) 
displayed contrasting mechanical behaviors for the 95k-DPP/ 
82k-SEBS and 48k-DPP/ 82k-SEBS blends. While the 95k-DPP 
blend showed dark blue fibrous regions, the 48k-DPP blend 
contained brighter blue and green regions with a visible SEBS 
morphology. The difference between these two systems indicates 
that the 95k-DPP/ 82k-SEBS blend consists of relatively thicker 
P2TDPP2TFT4 fibers on the surface, when compared to the  
48k-DPP blend, because no subsurface features of the SEBS mor-
phology could be observed below the fibers of 95k-DPP. To fur-
ther validate this hypothesis, histograms for the P2TDPP2TFT4 
regions, SEBS regions, and the complete image of the modulus 
images were generated (Figure 6b; Figure S19, Supporting Infor-
mation). The plotted data for the P2TDPP2TFT4 region (red 
curves) also indicates a larger contribution of the underlying 
SEBS morphology (blue curve) for the 48k-DPP blend, which 
can be explained by a lower thickness of the 48k-DPP fibers on 
surface when compared to 95k-DPP blends.

Through a similar analysis of the visibility of the SEBS mor-
phology beneath the P2TDPP2TFT4 domains, trends in the 

relative thickness of PT2DPP2TFT4 regions on the surface of 
the blended films are also present with variable SEBS mole-
cular weight. In the 95k-DPP blends, as the SEBS molecular 
weight increases, the surface P2TDPP2TFT4 regions become 
thinner (Figure  6a; Figure S19a–c, Supporting Information). 
However, in the 48k-DPP blends, surface P2TDPP2TFT4 
regions becomes relatively thicker with increasing SEBS mole-
cular weight (Figure  6a; Figure S19d–f, Supporting Informa-
tion). A continuous percolation pathway of the PSC is neces-
sary for charge transport. As such, the relative thickness of the 
P2TDPP2TFT4 regions on the surface (for top contact/bottom 
gate [TCBG] OFETs) and the connections between these regions 
will ultimately impact the final device performance. From these 
experimental results, we hypothesize the relatively thicker top-
surface P2TDPP2TFT4 regions will have increased connections 
with P2TDPP2TFT4 regions deeper within the film; and thus, 
better device performance.

2.3. FET Characteristics

OFETs were next fabricated to investigate the effect of the 
characterized morphologies discussed above on the field effect 
mobility. Both bottom contact/bottom gate (BCBG) (Figure S21, 
Supporting Information) and TCBG (Figure 7) OFET devices 
were fabricated to account for the possibilities of having vertical 
gradients of the semiconductor in the film.[53] All output curves 
are shown in Figure S22, Supporting Information. When com-
pared to previous studies on neat P2TDPP2TFT4 with TCBG 
devices, our devices had similar mobilities (Figure  7b,c). 

Figure 6. a) Height, DMT modulus, dissipation, and combined (modulus + dissipation) nanomechanical images generated via AFM of the top surface 
of 95k-DPP/82k-SEBS and 48k-DPP/82k-SEBS. b) Histograms of modulus images (plotted logarithmically) for the entire image (black curves), DPP 
areas (red curves), and SEBS areas (blue curve).
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 Specifically, the previously reported mobility values of 97  kDa 
P2TDPP2TFT4, extracted from the entire gate voltage regime, 
were ≈0.35 cm2 Vs−1, which was comparable to our obtained 
value of 0.37 cm2 Vs−1.[34] A mobility value of ≈0.76 cm2 Vs−1 was 
shown for ≈50  kDa P2TDPP2TFT4, a value close to our 0.62 
cm2 Vs−1 for 48 kDa.

Devices fabricated in the BCBG configuration had lower 
mobilities for both neat and blend films than the corre-
sponding TCBG devices. However, the BCBG devices still 
showed almost a threefold increase in mobility for blend films 
as compared to their neat counterpart (Figure S21 and Tables 
S6 and S7, Supporting Information), indicating there was still 
an improvement in charge transport in the blend films com-
pared to the neat P2TDPP2TFT4 films, consistent with other 
previous reports.[20–22] However, given the higher concentra-
tion of P2TDPP2TFT4 on the top surface from earlier charac-
terization results, we focused our analysis on TCBG devices. In 
addition, TCBG devices typically benefit from improved charge 
injection due to a larger contact area from the source and drain 
electrodes as compared to the BCBG devices.[54]

In the TCBG devices, only the 95k-DPP/82k-SEBS blended 
film shows improved charge carrier mobilities as compared to 
its neat P2TDPP2TFT4 counterpart (Figure  7b,c and Table 3). 

The blend film has a mobility 25% larger than the neat 95k-
DPP. All the other blends have comparable or lower mobili-
ties than their neat counterpart (up to 1.74 times lower for the 
blended film compared to neat). Previous literature reported 
that blending with a different type of SEBS (125 kDa SEBS with 
12 wt PS) resulted in an increase in charge carrier mobility in 
BCBG device structures, similar to our observed trend.[20,22] 

Figure 7. a) Diagram of the top contact/bottom gate OFET. b) Average saturation hole mobility values extracted from OFET. The mobility values 
obtained for each film are represented by circles. c) Transfer curves of sample OFET for 95k-DPP and 48k-DPP neat and blended films with SEBS of 
different molecular weights. For each field effect mobility reported, a total of 20 channels on four separate wafers were measured. The source-to-drain 
voltage was set to −60 V.

Table 3. Average mobility (µ), on/off current ratio, and threshold voltage 
of 95k-DPP and 48k-DPP with their blends with 276k-SEBS, 158k-SEBS, 
and 82k-SEBS, obtained from TCBG devices.

Polymer 
Semiconductor

Elastomer µ [cm2 Vs−1] On/off current 
ratio

Threshold 
voltage [V]

95k-DPP – 0.37 ± 0.06 105 −0.048 ± 5

95k-DPP 276k-SEBS 0.32 ± 0.06 104 −1.4 ± 5

95k-DPP 158k-SEBS 0.36 ± 0.09 104 0.63 ± 6

95k-DPP 82k-SEBS 0.45 ± 0.08 104 0.77 ± 5

48k-DPP – 0.62 ± 0.1 105 −0.44 ± 7

48k-DPP 276k-SEBS 0.54 ± 0.04 105 −2.6 ± 5

48k-DPP 158k-SEBS 0.44 ± 0.05 105 −3.3 ± 5

48k-DPP 82k-SEBS 0.35 ± 0.08 104 −4.5 ± 4
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We hypothesized that the lack of improved charge transport in 
TCBG devices can be explained by the vertical phase separation 
in the blended films (Figure 3b). Due to the staggered structure 
of TCBG devices, the charge injection occurs at the top surface 
(air interface) with the channel still present at the bottom sur-
face (dielectric interface); thus, the charge must travel through 
the entire film thickness.[54] As such, the vertical phase separa-
tion will ultimately affect charge transport throughout the depth 
of the film. The AFM based nanomechanical imaging results 
(Figure 7c,d) highlight the difference in thickness and connec-
tivity of the P2TDPP2TFT4 islands/fibers on the surface, which 
could affect the charge injection and mobility through TCBG 
devices. The difference in P2TDPP2TFT4 island/fiber thickness 
is consistent with the 95k-DPP/ 82k-SEBS blends having larger 
mobility values than the 48k-DPP/ 82k-SEBS blends, given 
the thin formation and worse continuity of 48k-DPP fibers on 
the top surface as opposed to the thicker 95k-DPP fibers, sug-
gesting the differences in SEBS impact the device performance. 
A schematic of the charge transport is shown in Figure 8a,b, 
highlighting the influence vertical phase separation has on the 
device performance.

Moreover, the mobility trends mimic the trends in the ratio 
of the (0–0) and (0–1) transition seen by UV–vis, suggesting 
the small changes in P2TDPP2TFT4 aggregation affected by 
the addition of various SEBS molecular weights sensitively 
impact the thin film charge transport. Although the field effect 
mobility change is small, almost all (except for the difference 
between 95k-DPP/158k-SEBS and 95k-DPP/276k-SEBS blends) 
of the trends are statistically significant with a p-value less than 
0.01. In addition, given the importance in the film formation 
conditions on final thin film morphology, future work should 
focus on understanding the kinetics of solvent evaporation and 
film solidification during film formation.

Last, devices were fabricated from blends with SEBS of 
various styrene content while keeping the molecular weight 
of the SEBS comparable. In TCBG devices, it was observed 
that films with decreasing styrene content had increased 
mobilities regardless of P2TDPP2TFT4 molecular weight 
(Figures S23 and S24 and Table S8, Supporting Information), 
with the highest mobility obtained with 18 wt% styrene content. 
Even though the origin of this trend is not clearly understood, 
this observation is consistent with previous literatures that 
have typically used SEBS with a styrene content of 12 wt% and 

observed improved charge transport capabilities within blended 
films of different styrene contents.[20–22]

3. Conclusion

A detailed and systematic study on the effects of polymer mole-
cular weight on the morphology, mechanical behavior, and 
transistor performance of P2TDPP2TFT4/ SEBS blends was 
conducted. The influence of SEBS and P2TDPP2TFT4 mole-
cular weight on the final film morphology, mechanical proper-
ties, and electronic properties can be summarized as follows:  
1) Through UV–vis spectroscopy, we observed that the aggrega-
tion and planarization of the higher-MW P2TDPP2TFT4 (95k-
DPP) slightly decreased upon increasing the SEBS molecular
weight (from 82 to 158 and 276 kDa), while an oppositing trend
was observed for the lower molecular weight P2TDPP2TFT4
(48k-DPP). 2) AFM and AFM-IR images showed that both
high and low molecular-weight P2TDPP2TFT4 formed
fibrillar networks in blends with the low-MW SEBS (82  kDa)
blend. Both types of P2TDPP2TFT4 exhibited larger island-
like domains with the high-MW SEBS (295  kDa). This is due
to a larger driving force for phase separation for the higher
molecular weight SEBS associated to less entropic gain in the
free energy of mixing. 3) The modulus decreased and frac-
ture strain increased upon blending. Compared to the cor-
responding neat P2TDPP2TFT4 polymer, our blended films
reached a fracture strain greater than 600%. 4) The AFM based
nanomechanical imaging determined relative surface thick-
ness of the P2TDPP2TFT4 fibers or islands in 95k-DPP versus
48k-DPP blends had opposing trends with increasing SEBS
molecular weight. 95k-DPP blends had increasing thickness
as SEBS molecular weight decreased, while the opposite was
true for 48k-DPP blends. 5) Despite differences in large-scale
phase separation, we also observed that device performances
matched well with their corresponding aggregation trends.
Previous work studied the molecular weight of the DPP-based
polymer and found a large influence on final film morphology
and device performance. Our results here add information on
the effect of the molecular weight of the elastomers on the
final blend film morphology and properties. This work shows
that molecular weight and composition of the elastomer can
be utilized to finely control and optimize the mechanical and

Figure 8. Schematic of the TCBG devices fabricated with a) 82k-SEBS and b) 276k-SEBS. P2TDPP2TFT4 is represented by dark blue and SEBS in light 
blue. The charge transport pathway is shown through the yellow dashed arrows.
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electrical  properties of PSC/insulating-polymer blends. These 
understandings will aid in further improving PSC/elastomer 
blends for flexible and wearable electronics. Based on the 
results in this study, future work is still needed on under-
standing the kinetic process of film formation on PSC/elas-
tomer blends.

4. Experimental Section
Materials: P2TDPP2TFT4 was provided from Corning, Inc. The

synthesis for these polymers was reported by Niu et. al.[34] SEBS of 
variable molecular weights and styrene content (G1633: 276 kDa, G1654: 
158  kDa, 1652: 82k Da) and a styrene content 30 wt% were purchased 
from Kraton, Inc. SEBS of variable styrene content was purchased from 
Asahi Kasei (Tuftec H1062: 18 wt% St, H1051: 42 wt% St). Gel permeation 
chromatography of all of the polymers is shown in Figures S25–S30, 
Supporting Information.

Thin Film Preparation: P2TDPP2TFT4 solution was prepared by 
dissolving 3  mg in 1  mL of CB, which was heated overnight at 100 °C. 
Previous studies focused on blended solutions with a final P2TDPP2TFT4 
concentration of 3  mg mL−1 in CB.[20–22] However, because the 95k-DPP 
formed precipitates when blended with the 276k-SEBS at the previously 
used concentration (Figure S1, Supporting Information), in this study, a 
lower concentration was used. In addition, the SEBS used for this study 
had a higher styrene content (≈30 wt%) than those previously studied 
(≈12 wt%)[20–22] because commercially available SEBS of different molecular 
weights were available only with a higher styrene content. 14.1  mg mL−1 
solutions of SEBS were created in CB at room temperature and then 
filtered through a 0.2  µm PTFE filter. Blended solutions were created by 
mixing 0.66 mL of P2TDPP2TFT4 solution with 0.33 mL of SEBS solution 
to create 2 mg mL−1 DPP solutions with 3:7 weight ratio of P2TDPP2TFT4 
: SEBS. Neat and blended solutions were then spin-cast onto OTS-
modified[41] silicon wafer (1.5  cm × 1.5  cm). Spin coating was conducted 
in an N2-filled glovebox at 1000 rpm for 1 min. The film samples were then 
annealed at 150 °C for 1 h and slowly cooled to room temperature.

Morphology Characterization: UV–vis spectroscopy was conducted 
on thin films spin-cast on glass slides using an Agilent Cary 6000i UV/
vis/NIR spectrometer. X-ray diffractograms (GIXD) were collected 
from thin films spin-cast on OTS modified Si wafers at beamline 11-3 
in the Stanford Synchrotron Radiation Light Source (SSRL) with a beam 
energy of 12.7  keV. All the measurements were collected in a helium-
purged environment with an X-ray incident angle of 0.12°. AFM images 
were collected in tapping mode from the Veeco Multimode with a 
drive frequency of ≈300  kHz and a Tap300Al tip from BudgetSensors 
(Bulgaria). The bottom sample was measured by using a PDMS stamp 
to transfer the film. Optical imaging was collected from a Leica DM4000 
M light-emitting diode microscope. XPS spectrum was collected from 
samples spincast on OTS-modified Si wafer using a PHI VersaProbe 
3. XPS depth profile was achieved by gas cluster ion beam (GCIB)
sputtering with a power of 5 kV 20 nA. Spin cast films were measured
using a nanoIR3 AFM-IR from Bruker Instruments (USA) coupled to a
MIRcat-QT quantum cascade, mid-infrared laser (frequency range of
917–1700 cm−1 and 1900–2230 cm−1 using a range of pulse frequencies
between 355 and 1382  kHz). AFM-IR data were collected in tapping
mode using a gold-coated AFM probe (spring constant [k]: 40 N m−1 
and resonant frequency [fo]: 300 kHz) sourced from Bruker. The pulsed 
mid-IR laser was tuned to frequencies unique to each component as 
determined by FTIR characterization. Acquired images were flattened 
using Analysis Studio software.

Mechanical Properties Characterization: For film-on-water tensile tests, 
Si wafers were initially spincoated with a water soluble poly(sodium 
4-styrenesulfonate) (PSS) layer. After that, the neat and blended films
were spuncast onto the PSS layer at 1000  rpm for 1 min before being
annealed at 150 °C for 1 h and slowly cooled to room temperature. The
thickness of the films was measured with an interferometer (Filmetrics
Inc. UVX). A oxygen plasma etcher (Diener electronics Inc.) was used

to etch the films into a dog-bone shape, and they were then dipped in a 
water bath to float the dog-bone shaped neat or blended film. The films 
were then bonded to two aluminum tensile grips coated with a thin layer 
of PDMS. A high-resolution load cell (KYOWA Inc.) then monitored the 
force exerted on the film while various strains were applied through a 
motorized linear stage with a digital encoder (Micronix Inc.). Stress–
strain curves were calculated from the force-displacement curves. The 
stress is equivalent to the force divided by the cross-section area of the 
dog-bone shaped thin film. The strain is calculated by the displacement 
in the sample length divided by the original length of the film. Free-
standing tensile tests were conducted on Instron 5565.

Nanomechanical imaging was performed on a Bruker Dimension 
Icon atomic force microscope. NSC19/Al-BS cantilevers were calibrated 
and used for the measurements. The cantilevers (Estonia) have a 
nominal resonant frequency of 60 kHz, force constant of 0.5 N m−1 and 
tip radius of 8 nm. The force constant was calibrated by thermal tuning 
(k = 1.09 N m−1). The deflection sensitivity and tip radius were calibrated 
on sapphire and Ti reference samples, resulting in a tip radius of 4.1 nm 
(Bruker-Nanoscope Software – Tip qualification). Force modulation 
measurements were conducted at a setpoint of 600 pN, peak force 
frequency of 2  kHz, and an amplitude of 150  nm. The scan resolution 
and scan rate were set to 256 × 256 pixels and 0.7  Hz. The data were 
analyzed and depicted with Gwyddion SPM software. The histograms 
were generated in Gwyddion with a 1D statistical function of masked 
images.

Contact angle images were taken with a Prosilica GC camera and 
analyzed using a First Ten Angstroms (FTA32) goniometer. Surface 
energy was calculated using the Owens–Wendt method:[55]

s s
p

s
dγ γ γ= + (2)

1 cos 2l l l
d

s
d

l
p

s
pθ γ γ γ γ γ( )( )+ = + (3)

γs, s
dγ , and s

pγ  are the total surface energy, dispersive, and polar 
component of surface energy of the film, respectively. γl, l

dγ , and l
pγ  are 

the total surface energy, dispersive, and polar component of surface 
energy of the test liquid, respectively. For the test liquids used, γwater =  
72.8 mJ m−2, water

dγ  = 21.8 mJ m−2, water
pγ = 51 mJ m−2, γdiiodomethane =  

50.8 mJ m−2, diiodomethane
dγ = 50.8 mJ m−2, and diiodomethane

pγ  = 0 mJ m−2. The
solubility parameter was calculated from:

K sδ γ= (4)

where K is the proportionality constant (K = 116 × 103 m−1/2).[56] The 
Flory–Huggins interaction parameter (χ) was estimated with the 
following equation:[56,57]

RTij
0

i j
2Vχ δ δ( )= − (5)

where χij is the Flory–Huggins interaction parameter between polymers 
i and j, V0 is the geometric mean of the polymer segment molar volume, 
R is the gas constant, T is the temperature, and δ is the solubility 
parameter for each polymer. To calculate V0, the density of P2TDPP2TFT4 
was estimated to be 1.05  g cm−3, assuming a similar density to other 
DPP polymers.[47] The free energy of mixing (ΔGm) was calculated from 
the following equation:[58]
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where Φ is the volume fraction and N is the degree of polymerization.
OFET Fabrication and Characterization: For bottom contact/

bottom gate devices, Cr/Au (3  nm/40  nm thicknesses) electrodes 
(width: 4000  µm, length: 200  µm) were evaporated onto the OTS 
modified SiO2 wafers. To decrease the contact resistance between 
the electrodes and the active layer, the electrodes were modified with 
pentafluorothiophenol.[59] The active layer was then spin-cast onto the 
electrodes with specifications listed in thin film preparation. For top 
contact/bottom gate devices, the active layer was spincast on OTS 
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modified SiO2 wafers with specifications listed in thin film preparations. 
MoOx/Au (3 nm/40 nm thicknesses) electrodes (width: 1000 µm, length: 
50 µm) were directly evaporated onto the active layer. OFET transfer and 
output curves were taken in an N2-filled glovebox with a Keithley 4200-
SCS. Mobility values are average values taken from 8–12 devices. Sample 
slopes used for the calculation of mobility from the transfer curves 
are shown in Figure S31, Supporting Information. The source-to-drain 
voltage was −60  V for all devices. Saturation mobility values (µ) were 
calculated with the following equation:

2 D

G

L
WC

I
V

µ δ
δ= (7)

L is the channel length (50 µm), W is the channel width (1000 µm), and 
C is the gate-channel capacitance per unit area (300 nm SiO2 dielectric 
layer) (10.9  nF cm−2). P-values for the field-effect mobilities were 
calculated using a Student’s t-test.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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Functionality of domain walls and other topological defects in ferroelectrics 
is being widely investigated for applications in electronic devices. While the 
intrinsic electronic properties of a wall have been considered, its inherent 
mechanical properties remain explored very little, despite the fact that coupling 
between strain and polarization is prevalent in many of these materials. Herein, 
an in-depth study of variations in nanomechanical properties at 90o domain 
walls and their adjacent domains in single-crystalline lead titanate (PbTiO3) is 
presented as a prototypical ferroelectric material using a combination of various 
atomic force microscopy (AFM)-based methods. Considerable variations of 
elastic moduli are found at 90o domain walls extending up to ~100 nm into the 
domain areas. AFM nanoindentation also allows to extract local domain wall 
hardness and plastic and elastic deformation energies. These findings have 
implications for the design of ferroelectric domain wall functionality that incor-
porates the intrinsic elastic compliance of a domain wall.
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only a few nanometers, they represent 
the ultimate functional features that can 
potentially be exploited for new concepts 
in information storage and processing, 
sensing, and actuating.[8]

Considering various types of domain 
walls found in ferroelectric systems, the 
ferroelastic 90o domain walls are inter-
esting as they are formed due to the reori-
entation of the crystal structure. The rota-
tion of the c-axis of the material by 90o 
causes the twinning of the material, and 
hence, 90o domain walls are also ferroe-
lastic twin domain walls (twin bounda-
ries). These ferroelastic domains exhibit 
intrinsic strain on both sides of the wall 
with the two sides of the 90o twin domain 
walls showing an intrinsic difference.[9] 
Thus, the mechanical properties of those 
twin domain walls are expected to be dif-

ferent compared to their surrounding domains. The function-
ality of such twin walls has been investigated using molecular 
dynamics simulation.[10–15] Zhao et al. argue that the intersec-
tion of the twin domains and twin boundaries shows elastic 
softening due to the existence of local strain profiles,[16,17] i.e., 
the walls associated with surface ridges, where the surface layer 
swells, are softer than the valley area. This effect relates to the 
surface deformation caused by the twin geometry shear. With 
the experimental results, some authors have investigated the 
mirror electron microscopy (MEM) method that showed the 
contrast between the dark lines at the valley and the bright lines 
at the ridge, reflecting different positive and negative surface 
charges near the domain walls.[18–20] The method confirmed that 
the twin walls are polar and piezoelectric. Nevertheless, the twin 
domains showed no contrast as those domains have the same 
surface charge. However, the MEM method is very sensitive and 
influenced by many factors, including polarity, surface topog-
raphy, and charge, and hence, the results are prone to artifacts. 
Thus, there is still a lack of experimental research, especially 
regarding the mechanical properties of the twin walls compared 
to their surrounding domains.

The diversity of mechanical properties in ferroelectric 
domain walls directly depends on the type of domain wall. The 
sensitivity of atomic force microscopy (AFM) to mechanical 
properties, even though it has so far only detected induced 
mechanical change at 180o domain walls,[21] presents the possi-
bilities for investigating multiple order parameters and phases 
of such complicated ferroic structures. For example, Stefani 
et al.[22] reported that the local stress induced due to the applied 
force on the AFM tip during the scanning process is associated 

ReseaRch aRticle
 

1. Introduction

The study of domain walls in ferroelectrics and multiferroic 
materials has seen considerable interest over the last years, 
which in part is driven by their intrinsic different properties 
compared to the bulk material. Significant changes at domain 
walls range from altered electronic properties,[1,2] localized 
superconductivity,[3] and chemical changes,[4] to altered mag-
netism and magnetoelectric coupling in multiferroics.[5,6] 
Such altered properties make domain walls locally susceptible 
to external perturbations, such as light illumination, electric 
and magnetic fields, etc.[7] Because of their intrinsic width of 

© 2023 The Authors. Advanced Functional Materials published by 
Wiley-VCH GmbH. This is an open access article under the terms of the 
Creative Commons Attribution License, which permits use, distribution 
and reproduction in any medium, provided the original work is properly 
cited.
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with the “strain dip” and the local material deformation that 
led to a shift of 180o domain walls. The energy that needs to 
move domain walls is lower than that of the deformation of 
a domain, and hence, the domain wall shows a softness in 
mechanical properties. Another possible mechanism corre-
sponds to the electrostatic energy of the deformation. The total 
polarization at the domain wall is zero, leading to zero electro-
static energy, thus making the material easier to deform in this 
region. Furthermore, a similar trend occurred in ferroelectric 
lead zirconate titanate ceramics, reported by Tsuji et al.[23,24] 
The authors show the contact stiffness of the domain wall was 
≈10% lower than the surrounding domains using the ultra-
sonic atomic force microscopy (UAFM) method. The softening
of the domain wall might be because the switching of the
domain accompanies the domain wall movement. In general,
the contact area between the AFM tip and sample in the UAFM
method is smaller than the domain size, and, hence, it only
represents a local polarization charge underneath. This may
influence the piezoelectric stiffening of the domain. Moreover,
the lattice spontaneous polarization is rotated at the domain
wall, resulting in a smaller average polarization and stiffening
at the domain wall compared to the domains.[24,25] However,
those studies only reported the mechanical softening of 180o

domain walls compared to their surrounding domains. Thus,
more comprehensive studies that focus on the behavior of 90o

domain walls compared to their surrounding domains are still
needed as well as the use of different AFM modes to access the
intrinsic mechanical properties to investigate the big picture

of the mechanical properties of the ferroelectric PTO single 
crystal.

In this work, we determine the local mechanical properties 
as well as polarization and topography corresponding to a and c 
domains separated by 90o twin domain walls in lead titanate as 
a prototypical ferroelectric material. To access these individual 
domain wall structures with widths of 1–10  nm[9,26–28] we use 
AFM-based methods to determine their local elastic moduli, 
hardness, and plastic and elastic deformation energies; these 
methods include contact resonance force microscopy (CRFM), 
force-distance maps (F–D maps), and AFM-based nanoindenta-
tion using solid diamond probes.

2. Results and Discussion

Figure 1a shows a typical 3D topography and Figure 1b shows 
the corresponding polarization image acquired by PFM of 
our PbTiO3 crystal containing a and c domain structures. The 
stripe-like structure is a result of a zig-zag pattern from the a 
and c domains. The ridges and valleys have an angle that dif-
fers by 3° from 180o which is similar to previous reports of 
such twins.[29–31] The difference between a and c domains 
is a rotation of the c-axis of the material by 90o. This leads to 
the twinning of the material and twin boundaries separating 
a and c domains. Due to the ferroelectric properties of the 
material, each domain has a distinct polarization direction. 
The PFM phase image shows different contrast in the stripes 

Adv. Funct. Mater. 2023, 33, 2211906

Figure 1. a) Topography of PbTiO3 presented in 3D. The angle between the a and c domains is ≈ 177o. b) Vertical PFM phase images of 90o a–c domains. 
c) Contact-resonant force microscopy map, d) Horizontal line cut along the red line in the image c) additional to the topography line cut at the same
location.
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corresponding to in- and out-of-plane polarization belonging to 
the a and c domains, respectively, and that the twin boundaries 
coincide with the ferroelectric domain walls.

In the next step, we investigate the mechanical properties 
of the a- and c-domains and the twin boundaries separating 
them. To access the small scales of the twin boundaries we use 
CRFM which has been shown to reveal mechanical properties 
on the nanometer scale.[32–34] CRFM detects changes in the 
resonance frequency of the AFM cantilever which correspond 
to changes in sample stiffness. Figure  1c shows our CRFM 
results generated by mechanically exciting the sample with 
an actuator. The CRFM image is at the same location as the 
images in Figure 1a,b. The CRFM image shows a clear domain 
contrast with higher frequencies in the in-plane polarized areas 
(orange-red contrast) than in the out-of-plane areas (green-blue 
areas). A higher resonance frequency corresponds to a higher 
elastic modulus, which shows that the in-plane polarized areas 
are mechanically harder. This agrees with our other measure-
ments and further literature. Additional CRFM contrast can 
be found at the twin domain boundaries with a higher contact 
resonance frequency at the valleys and a lower signal at the 
ridges compared to the domains. Figure  1d shows a line cut 
along the red line in Figure 1c (average over 50 lines) with an 
additional topography line cut at the same location that high-
lights the changes in CRFM signal in the domains and twin 
boundaries. The contact resonance frequency values in the line 
cut have been converted to elastic modulus values following 
the method by D. C. Hurley.[32–34] The elastic modulus of the 
in-plane and out-of-plane domains are 58.6  ±  3.8  GPa and 
48.3  ±  3.6  GPa, respectively. The ridge domain boundary has 
the lowest elastic modulus of 43.5 ± 1.8 GPa whereas the valley 
boundary reaches the highest value of 60.7 ± 4.2 GPa. This is a 
difference in elastic modulus between the twin boundaries of 
17.2  GPa (28.4%). When comparing the elastic modulus value 
to the topography we observe that the highest and lowest values 
are exactly at the ridge and valley, but their impact extends up 
to 100  nm into the domain. These mechanical changes at the 
boundaries thus stretch much further than the width of the 
twin boundaries. As CRFM measurements are very sensitive 
to topography and the tip-surface contact area, it is important 
to exclude any impact from the zig-zag pattern on the elastic 
modulus changes. A recent paper showed that their CRFM 
measurements were impacted by the topography, where a 
valley-like structure led to an increase of 20% in elastic mod-
ulus at the bottom of a dip due to an increase in tip-surface 
contact.[35] Compared to our measurements (an elastic modulus 
increase of 3.6% in the valley boundary compared to the in-
plane domain), their topography had a tilt angle of 30o whereas 
ours only has a change in slope by 3o (see Figure  1a), which 
thus does not explain the increase in elastic modulus at our val-
leys. Additionally, our increase of elastic modulus at the twin 
boundaries extends much further than the tip radius. Thus, we 
can conclude that our elastic modulus changes at the domain 
boundary are not purely induced by the topography but are due 
to intrinsic material properties or other contributions.

Further mechanical measurements were done at the twin 
boundaries to support our CRFM findings. Figure 2 shows our 
mechanical results from the force-distance curves. Figure 2a,b 
shows the height maps of a ridge (left) and a valley (right), 

whereas Figure 2c,d depicts the corresponding elastic modulus 
maps. Those maps are determined by force-distance curves 
taken over a grid of 60  ×  60 points with a loading force of 
1000 nN. The elastic modulus is determined by fitting all force-
distance curves using the Hertzian model which is embedded 
in the Asylum software (version 16.05.193). The elastic mod-
ulus values of the in-plane domain (blue contrast) are higher 
than the out-of-plane domain (red contrast) as seen in both 
elastic modulus maps c) and d). The average elastic modulus 
of the in- and out-of-plane domains are 63.0  ±  4.7  GPa and 
50.3 ±  3.1 GPa, respectively, and are determined by fitting the 
histograms extracted from the elastic modulus maps (histo-
grams in Figure 2g,h).

As in the CRFM measurements, there is an additional 
contrast at the twin boundaries. To extract the signal at the 
boundary, Figure  2e,f shows the line cuts across the height 
(white line) and force curve maps (black line). A clear contrast 
in elastic modulus can be seen between the ridge (red) and 
valley (blue/white) compared to the surrounding areas whereas 
the ridge has the smallest elastic modulus of 44.3 ± 4.4 GPa and 
the valley shows the highest value of 67.5 ± 5.9 GPa (values are 
determined by fitting the histograms). These results are con-
sistent with the trend observed in the CRFM measurements.

After generating consistent measurement results with two 
different AFM modes, we wanted to test what results in a more 
invasive method would give. AFM-based nanoindentation is 
thus used to also determine hardness (H) and elastic modulus 
(E) values of the a and c domains, as well as the twin walls.
Figure  3a shows the PbTiO3 surface topography before and
after applying a loading force of 30 µN with indentations in the
domains as well as at the twin boundaries. The topography pro-
file extracted along the black arrow in Figure 3a is depicted in
Figure  3b and clearly shows the ridge and valley structure of
our measurement area. The H and E values are extracted by the
Oliver-Pharr and Hertz models from the nanoindentation load-
displacement curves.[36,37] The hardness and elastic modulus of
the in-plane domain (a domain) in Figure  3c are larger than
the out-of-plane domain (c domain) with H  =  6.6  ±  0.4  GPa
and E  =  71.9  ±  2.5  GPa compared to H  =  5.5  ±  0.3  GPa and
E = 54.2 ± 1.5 GPa. This is the same trend as for the CRFM and
FM measurements. However, both the ridge and valley bounda-
ries exhibit different properties than in the other experiments
where they both have similar values of H  =  6.6  ±  0.6  GPa
and E  =  71.7  ±  2.5  GPa (ridge) and H  =  6.7  ±  0.5  GPa and
E = 73.3 ± 1.5 GPa (valley).

Furthermore, nanoindentation allows for the extrac-
tion of energy scales related to plastic and elastic defor-
mations (UP and UE). The results are shown in Figure  3d 
(calculations are given in our last study[38]). Similar to the 
mechanical values, the in-plane domain has similar values 
to the twin boundaries independent if it is at a ridge or 
valley with UP  =  0.84  ±  0.13  ×  10−4  nJ, 0.82  ±  0.19  ×  10−4  nJ, 
0.85  ±  0.17  ×  10−4  nJ, and UE  =  2.46  ±  0.22  ×  10−4  nJ, 
2.51  ±  0.25  ×  10−4  nJ, 2.52  ±  0.12  ×  10−4  nJ, respectively. 
In contrast, the out-of-plane domains have higher plastic 
energies (1.64  ±  0.21  ×  10−4  nJ) and lower elastic energies 
(2.00 ± 0.29 × 10−4 nJ) indicating that the out-of-plane domains 
have a higher plastic deformation and thus lower hardness/
stiffness compared to the other areas.

Adv. Funct. Mater. 2023, 33, 2211906
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To compare and get a better understanding of the mechan-
ical measurements all elastic modulus values are summarized 
in Table  1. in addition to the energy values from the nanoin-
dentation shown in Table  2. For the domain walls, only the 
results of the CRFM and FM are in agreement with each 
other, showing low elastic modulus values for the ridges and 
high values for the valleys whereas the nanoindentation shows 

similar values for both twin boundaries and in-plane domain. 
The main reason for that could be the difference in measuring 
mode, where both CRFM and FM only press onto the surface 
without changing it compared to the permanent indents the 
indentation induces. Moreover, the nanoindentation technique 
involves the mechanical measurement at local area of the mate-
rial while the other methods scan across the sample surface, 

Adv. Funct. Mater. 2023, 33, 2211906

Figure 2. a,b) Height mapping, c,d) elastic modulus mapping by force-distance curves of a ridge and valley. e,f) Horizontal line cut along the white 
and black lines in the image a–d), respectively. g,h) Histogram corresponding to the elastic maps in c,d), respectively.
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and the elastic moduli are calculated from the mapping his-
togram. Those results might lead to the difference in elastic 
modulus between nanoindentation and CRFM/FM methods. 
Even though we would expect different elastic modulus values 
at the domain walls due to the intrinsic strain, it is surprising 
that they are so different at the ridges and valleys. It occurs that 
the polarization on both sides of the domain walls is different. 
Therefore, the intrinsic strain which influences the ridges and 
valleys walls is also different.

Additionally, as Zhao et al. reported,[16,17] the difference in 
elastic modulus of ridge and valley domains is associated with 
the surface deformation by the twin geometry shear. Another 
reason for the elastic modulus difference could come from the 
fact that the domain walls are not vertical but are tilted by ≈ 45o 
(see Figure  4d) to the surface. This means that when meas-
uring a domain wall, additional contributions from the domain 
below could impact the results.

To determine if the tilt of the domain walls has an impact 
on the measured elastic modulus values, we also looked at 90o 
domains on another facet of the crystal where two in-plane 

polarizations meet under a 90o angle, and the domain wall is 
vertical to the surface. The topography of PbTiO3 on the new 
facet has no zigzag shape, as shown in Figure  4a. The sche-
matic in Figure  4b shows the a1/a2 domains structure on the 
front polarization structure of the new facet. It depicts that the 
polarization is fully in-plane and at an angle of 90o to each other 
with the domain walls perpendicular to the surface. The cor-
responding off-resonance PFM phase signals are presented in 
Figure 4c,d. As expected, there is almost no contrast in the ver-
tical PFM image with small differences that can be associated 
with buckling of the cantilever (buckling: an in-plane signal 
can lead to buckling of the cantilever and thus show up as an 
out-of-plane signal in the measurement). However, as seen by 
the lateral PFM image (Figure 4d), the area has predominantly 
in-plane polarization. White arrows indicate the orientation 
of the in-plane polarization with the domain walls being 90o. 
The results indicate that the new facet has in-plane polarization 
with a1/a2 domains.

Mechanical measurements are done by CRFM and FM and 
are shown in Figure 4e,f. Both images are very similar with the 
main contrast coming from the topography (horizontal lines) 

Adv. Funct. Mater. 2023, 33, 2211906

Figure 3. a) Topography of PbTiO3 before and after indentation at 30 µN. b) Vertical line cut along the black arrow in a) to show the zig-zag topography. 
c) elastic modulus and hardness; d) corresponding elastic and plastic energies of the IP and OOP domains, and ridge and valley DWs.

Table 1. Summary of experimentally determined elastic modulus values 
from different measurement methods.

Specific area Elastic modulus [GPa]

CRFM FM Nanoindentation

IP domain 58.6 ± 3.8 63.0 ± 4.7 71.9 ± 2.5

OOP domain 48.3 ± 3.6 50.3 ± 3.1 54.2 ± 1.5

DW ridge 43.5 ± 1.8 44.3 ± 4.4 71.7 ± 2.5

DW valley 60.7 ± 4.2 67.5 ± 5.9 73.3 ± 1.5

Table 2. Mechanical parameters extracted from nanoindentation 
measurement.

Specific area Elastic energy [nJ] Plastic energy [nJ]

IP domain 2.46 ± 0.22 × 10−4 0.84 ± 0.13 × 10−4

OOP domain 2.00 ± 0.29 × 10−4 1.64 ± 0.21 × 10−4

DW ridge 2.51 ± 0.25 × 10−4 0.82 ± 0.19 × 10−4

DW valley 2.52 ± 0.12 × 10−4 0.85 ± 0.17 × 10−4
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and a few additional spots that align with the dark and bright 
spots in the vertical PFM image. However, there is no contrast 
difference between the a1/a2 domains and domain in both 
the CRFM image and elastic maps. As discussed in previous 
reports,[22–24] there is no change in elastic modulus across the 
in-plane domains and domain walls in CRFM measurements. 
The domain wall softening is anisotropic as the mechanical 
resonance frequency is lower in c domains (out-of-plane polari-
zation) but unchanged in the same in-plane polarization across 
the a domains. Interestingly, the elastic maps show a similar 
trend to the CRFM measurements, as there is no obvious 
signal across the a1/a2 domains and domain walls. As both 
CRFM and FM induce a considered pressure onto the sample 
surface, especially FM, the mechanical response should be 
similar in both techniques. Zhao et al.[16] designed molecular 
dynamics simulations with two ionic sublattices for 2  ×  3 lat-
tice units to derive surface polarity at the ferroelastic 90o and 
45o domain boundaries. They identified that three main fac-
tors affect the surface polarity, including charge, geometry, and 
dipoles. The intersection of the twin domains and twin bound-
aries contains elastic softening due to the existence of local 
strain profiles.[16,17] The walls associated with ridges, where the 
surface layer swells, are softer than the valley area. This effect 
relates to the surface deformation caused by the twin angle’s 
geometry shear. In the case of a1/a2 twin configuration, and a 
surface with no ridge and valley structure existing, all dipoles 
are parallel to the surface and give rise to the in-plane polari-
zation. This result is in good agreement with our experiment 
in Figure  4d which presents in-plane in polarization in a1/a2  
domains.

After finishing elastic modulus measurements on all kinds 
of different domain walls in PTO, we realized that especially 
the AFM-based nanoindentation experiments deviated from 
the CRFM and FM measurements (only at the domain walls). 
Thus, we wanted to investigate the propagation behavior (dis-
location and cracks) of the indentation in the material to see if 
we can find further insight. Figure S4 (Supporting Information) 
shows our HRTEM results with two indents marked by arrows 
in Figure  S4a (Supporting Information). The interface of the 
Pt layer and the PTO crystal is indicated by the darker line in 
the HRTEM image (the dark line is a thin graphene layer to 
increase the adhesion between the Pt and PTO). The thickness 
of the impacted PTO region is ≈ 280 nm, which includes two 
main areas: 1) Dense region of defects with high stacking fault 
density and some cracking with a thickness of ≈ 130 nm, and 2) 
sparse region of defects (thickness of 150 nm) with dislocations 
and stacking faults in the {110} planes. There are no defects 
below 280  nm (area 3)). This can be seen in the zoomed-in 
area of Figure S4a (Supporting Information) marked by the red 
dotted square and shown in Figure  S4b (Supporting Informa-
tion). The HRTEM image shows stacking faults on {100} and 
{110} planes and extended dislocation with several micro-crack
regions, suggesting an extensive amount of affected area below
the indented area. A confirmation of the extent of deforma-
tion the indents induce is shown in the diffraction pattern in
Figure S4c (Supporting Information). There is an angle of 4.6o

between the diffraction pattern of the original crystal structure
to additional diffraction points coming from the distortions of
the indent. This amount of impact from the indents to a depth
of 280 nm as well as to a lateral extension of ≈500 nm is large

Adv. Funct. Mater. 2023, 33, 2211906

Figure 4. a) Topography, b) Schematic diagram of the a1/a2 domains of PbTiO3 single crystal in different facets (green tinted facet is the measured one 
here). c,d) Vertical and lateral off-resonance PFM phase signals, e) CRFM, and f) Elastic map at the same location in a) another facet of the PbTiO3 
sample.
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compared to their size of 200 nm in width and 30 nm in depth. 
An indent at the domain wall thus impacts large sections of 
the wall and its surroundings leading to a shift or destruction 
of the domain wall. This large-scale impact is also different 
from CRFM and FM, and could explain the vast differences in 
results.

3. Conclusion

The study of mechanical properties of ferroelectric materials 
using various investigative methods based on the SPM meas-
urements provides a unique tool to access these material struc-
tures at the nanometer scale. The sensitivity and selectivity of 
AFM techniques open new pathways for characterizing the 
numerous order parameters and phases of the ferroic mate-
rials’ complex structure. This work presents the difference in 
mechanical properties at the domain walls compared to their 
surrounding domains. The validity of the experiments is 
strengthened by the combination of three different AFM-based 
methods to compare and verify our results. A clear contrast in 
CRFM and elastic modulus maps can be seen between the a 
and c domains, the ridge and valley domain walls, and the a/c 
domains and DWs. We observe that the a domains have higher 
modulus compared to the c domains, while the highest and 
lowest elastic modulus values are at the ridge and valley DWs. 
On the contrary, the AFM-based nanoindentation shows the 
similarity in elastic moduli in a domain and both DWs and the 
lowest elastic modulus in the c domain. The increase of elastic 
modulus at the valley DWs can be detected up to 100 nm away 
from the valley, which is larger than the tip radius. Thus, we 
can conclude that our elastic modulus changes at the domain 
boundaries are not a measurement artifact. Moreover, the 
CRFM and elastic map that are measured on another facet do 
not show any contrast between the domains and domain walls. 
Overall, our work shows the complexity of mechanical behavior 
at domain walls and the need for further investigations to fully 
understand its mechanism.

4. Experimental Section
Lead titanate (PbTiO3) single crystals were grown from PbO and TiO2 
precursors (Sigma-Aldrich, high-purity 5N (99.999%). The precursors 
had been first ground to powder in an agate mortar. The mixture of PbO 
and TiO2 powder was then synthesized in a sealed quartz crucible at 
a pressure of 10−6 mbar in a horizontal muffle for 48 h at 850  oC. The 
PbTiO3 powder was then put into a platinum crucible with additional 
PbO in molar ratios of 1:1 to 1:3. The crucible was covered to avoid PbO 
evaporation during crystal growth. The whole system was then placed in 
a cubic muffle furnace and heated up to 1200 oC in 10 h and cooled down 
to 550  oC for a duration of 60 h. Further cooling to room temperature 
was performed at a cooling rate of 1 oC h−1 to avoid cracking at the phase 
transition from cubic to tetragonal (490 oC).[39–41] Finally, hot acetic acid 
was used to disassemble the single crystal PbTiO3 from the PbO molten 
mass.

Surface morphology and PFM measurements were conducted using 
an Asylum Infinity SPM system with Ir/Ti coating silicon probes with a 
spring constant of k  =  3.7  N  m−1 (ASYELEC 01-R2). To determine the 
IP and OOP polarization, the lateral and vertical PFM signals (LPFM 
and VPFM, respectively) off-resonance (47.77 – 77.77  kHz) were 

detected using an AC voltage of 7 V. Out and in-plane PFM signals were 
confirmed on a standard PPLN (LiNbO3) sample, as shown in Figure S1 
(Supporting Information). Both VPFM and LPFM were performed off-
resonance to determine the polarization direction of the PPLN domains. 
The CRFM experiments were performed using uncoated AC160TSA-R3 
silicon probes with a spring constant of k = 33 N m−1 (Asylum Research, 
USA). The F–D maps and AFM-based nanoindentation experiments 
were performed using an NM-RC-C diamond probe with a force constant 
k  =  470  N  m−1 (Bruker, USA). The precise spring constant of each 
cantilever was determined using the thermal-noise technique[42,43] and 
the values were mentioned in the result section for each measurement. 
To determine the accuracy of the mechanical characteristics of each 
cantilever, the cantilevers were calibrated on a PPLN sample (CRFM 
measurement) and a fused-silica standard sample (F–D curve and 
nanoindentation), the detailed calibration results were summarized in 
the Supporting Information.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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